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Developing high-capacity sustainable materials for hydrogen storage 

Yuanyuan Shang 

Abstract 

In this thesis, the development of sustainable materials for hydrogen storage is studied. Four 

model types of hydrogen storage materials are included in this work, which are the complex 

metal hydride NaAlH4, solid solution room temperature FeTi alloys, compositionally 

complex alloys (CCAs), and the reactive hydrides composite (RHC) 2NaBH4 + MgH2. The 

first part of this thesis focuses on developing a complex metal hydride of NaAlH4 by using 

waste Al alloy as raw material. The synthesised less pure NaAlH4 exhibits good reversible 

hydrogen capacity, whereas the pure NaAlH4 is not reversible. The second part of this thesis 

is devoted to developing a FeTi-based metal hydride by using waste steel and Ti alloy scraps 

as raw materials. Astonishingly, at 50 °C and 100 bar of H2, the hydrogen storage capacities 

measured for the FeTi alloys synthesised from recycled scraps are extremely close to the 

value measured for the pure FeTi. In the third part of this thesis, the hydrogen storage 

properties of some CCAs are investigated, which further helps in screening the suitable types 

of waste metal alloys to be used as raw materials. With the synthesised hydrogen storage 

materials, the main issues are kinetic and thermodynamic tuning. The selected waste steels, 

Ti alloys, Mg alloys, and Al alloys, are just examples of the vast variety of scrap materials 

potentially useful for synthesising sustainable hydrogen storage materials. In addition, the 

influence of single impurities cannot be distinguished. Therefore, the RHC system of 

2NaBH4 + MgH2 was chosen as a model system to study the effects of well-defined additives 

on hydrogen storage performances, as can be seen in the last part of this thesis.  

This work shows that by using waste metal scraps instead of high-purity elements as raw 

materials, the carbon footprint and costs are tremendously reduced for producing hydrogen 

storage materials without deteriorating the hydrogen storage properties. This work opens a 

new path to the development of environmentally sustainable alloys for hydrogen storage 

purposes. 
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Entwicklung von nachhaltigen Materialien mit hoher Kapazität für die 

Wasserstoffspeicherung 

Yuanyuan Shang 

Zusammenfassung 

In dieser Arbeit wird die Entwicklung von nachhaltigen Materialien für die 

Wasserstoffspeicherung untersucht. In dieser Arbeit werden vier Arten von 

Wasserstoffspeichermaterialien untersucht, nämlich komplexe Hydride am Beispiel von 

NaAlH4, Lösungshydride am Beispiel von FeTi-Legierungen, neuartige Multikomponenten-

Mischkristall-Legierungen mit hoher Entropie (CCAs) und Reaktive Hydrid-Komposite 

(RHC) am Beispiel von 2NaBH4 + MgH2. Der erste Teil dieser Arbeit konzentriert sich auf 

die Entwicklung eines komplexen Metallhydrids aus NaAlH4 unter Verwendung von Al-

Legierungsabfällen als Rohmaterial. Das synthetisierte, weniger reine NaAlH4 weist eine gute 

reversible Wasserstoffkapazität auf, während das reine NaAlH4 nicht reversibel ist. Der 

zweite Teil dieser Arbeit widmet sich der Entwicklung von FeTi-Metallhydrid unter 

Verwendung von Stahl- und Ti-Legierungsabfällen als Rohmaterial. Erstaunlicherweise 

liegen die gemessenen Wasserstoffspeicherkapazitäten der aus recycelten Abfällen 

hergestellten FeTi-Legierungen bei 50 °C und 100 bar H2 sehr nahe an den für reines FeTi 

gemessenen Werten. Im dritten Teil dieser Arbeit werden die 

Wasserstoffspeichereigenschaften einiger CCAs untersucht, was bei der Auswahl geeigneter 

Altmetalllegierungen, die als Rohstoffe verwendet werden sollen, weiter hilft. Bei den 

synthetisierten Wasserstoffspeichermaterialien geht es vor allem um kinetische und 

thermodynamische Abstimmungen. Bei der Vielzahl von Stahlabfällen, Ti-Legierungen, Mg-

Legierungen, Al-Legierungen usw. ist es allerdings nicht möglich, den Einfluss einzelner 

Bestandteile auf die Synthese und die Eigenschaften nachhaltiger 

Wasserstoffspeichermaterialien zu differenzieren. Ausgehend von diesen Überlegungen 

wurde deshalb das RHC-System 2NaBH4 + MgH2 als Modellsystem gewählt, um die 

Auswirkungen einzelner Additive auf die Wasserstoffspeicherleistung gezielt zu untersuchen, 

wie im letzten Teil dieser Arbeit zu sehen ist.  

Diese Arbeit zeigt, dass durch die Verwendung von Altmetallabfällen anstelle von 

hochreinen Elementen als Rohstoffe der Kohlenstoffausstoß und die Kosten für die 

Herstellung von Wasserstoffspeichermaterialien enorm reduziert werden können, ohne dass 

sich die Wasserstoffspeichereigenschaften verschlechtern. Diese Arbeit eröffnet einen neuen 

Weg zur Entwicklung von umweltverträglichen Legierungen für die Wasserstoffspeicherung. 
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1. Introduction  

1.1. Energy transition and hydrogen 

The access to abundant and cheap energy has been mankindôs most essential foundation for 

economic prosperity. Fossil fuels, which have been the main energy resource in the last two 

centuries, have supported the progress of human civilization and economic development[1]. 

However, the finite nature and the excessive consumption are leading to a fast depletion of 

these energy sources. Moreover, the emission of greenhouse gases from the combustion of 

fossil fuels led to threatening environmental changes[2]. Therefore, it is urgent to find 

sustainable energy supply solutions. Although renewable energy sources such as wind, solar, 

etc. could cover the actual energy demand, due to their intermittent nature and uneven 

distribution on earth, their exploitation is challenging unless a suitable energy medium is 

found[3]. 

In this scenario, hydrogen is considered as a potential energy vector capable of 

supporting this epochal transition[4-7]. Among fuels, and because hydrogen is the lightest 

element on the periodic table, hydrogen has the highest energy density per mass, i.e., almost 

2.5 times of the energy density per mass of conventional fossil fuels such as methane, 

propane, and gasoline. As an example, under ambient conditions, the mass-energy density of 

hydrogen is ~ 120 MJ·kg-1, while the values for methane, gasoline, and diesel are 55.6, 46.4, 

and 45.6 MJ·kg-1, respectively[8]. However, being a gas at ambient conditions, hydrogen only 

has an energy density per volume (0.003 kWh·L-1)[9] lower than the volumetric energy 

densities of methane, propane, and gasoline  (4.2, 7.1, and 9.0 kWh·L-1, respectively[10,11]). 

Nowadays, hydrogen is mainly stored in three different forms: compressed gas 

storage[12], liquid storage[13], and solid-state storage in form of hydrides (e.g., metal hydrides 

and complex metal hydrides)[14]. Although, currently, compressed hydrogen technology is the 

most commonly implemented storage method[15], it suffers from several major drawbacks. 

Firstly, lightweight carbon-fiber tanks are difficult to produce, thus expensive, and also 

difficult to recycle in view of a circular economy. Secondly, the achieved volumetric energy 

density remains poor if compared with gasoline. For example[16], when the hydrogen is 

compressed to 700 bar, the energy density value is 5.6 MJ·L-1 only, while for gasoline it is 

32.0 MJ·L-1 and thus 6 times higher than that of 700 bar compressed hydrogen. Fig. 1.1 
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shows the volumetric hydrogen density of compressed hydrogen versus pressure, the 

volumetric hydrogen densities of the liquefied and ideal gaseous hydrogen are also included. 

As can be seen, a large portion of the stored energy is consumed for the compression work, 

about 13 to 18% of the LHV is needed when hydrogen is compressed to 700 bar[17]. 

Hydrogen storage in liquid form implies an energetically unfavorable deep cooling to -253 °C.  

Theoretically, the energy required for liquefaction is about 10% of the total hydrogen energy 

content. However, in real applications, this value increases to 20 ī 30%[18]. Moreover, due to 

the boil-off phenomenon, a daily hydrogen loss of 1 to 2% must be taken into account[19]. 

                       

Fig. 1.1. Volumetric hydrogen density of compressed hydrogen versus pressure, the volumetric 

hydrogen densities of the liquefied and ideal gaseous hydrogen are also included (the figure is 

reproduced from Ref. [20]).  

1.2. Solid-state hydrogen storage 

Due to its high achievable volumetric hydrogen density and high safety, solid-state storage 

can be considered as an alternative method to store hydrogen. This type of storage in metal-

based systems has been known since 1866, when Graham discovered the high affinity of 

hydrogen for Pd[21]. However, it was only in the 1960s that metal hydrides started to be 

investigated for hydrogen storage purposes[22]. In this regard, among several high-potential 

hydride systems, magnesium hydride has been one of the most investigated materials due to 

its high volumetric and gravimetric hydrogen density (i.e., 110 kg H2·m
-3 and 7.6 wt.%, 

respectively).  It must be noted that these density values are much higher than those of 

compressed hydrogen i.e., 23 kg H2·m
-3 at 350 bar and 38 kg H2·m

-3 at 700 bar, and of the 71 

kg H2·m
-3 of liquid hydrogen[23-25]. Additionally, this approach allows storing hydrogen under 
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low-pressure conditions, achieving at the same time high volumetric energy densities and 

high safety standards[26-35]. Fig. 1.2 summarizes different methods used for hydrogen storage, 

and various solid-state hydrogen storage materials are also included. 

 

Fig. 1.2. Different methods used for hydrogen storage (the figure is reproduced from Ref. [36]). 

When forming a metal hydride, a series of steps occur: (1) physisorption, i.e., the 

attraction of van der Waals forces between the metal surface and hydrogen molecules traps 

the hydrogen molecules close to the metalôs surface; (2) chemisorption, i.e., the formation of 

the metal-hydrogen bond after the dissociation of the hydrogen molecules at the metal surface; 

(3) the formation of an Ŭ-phase, i.e., the hydrogen diffuses to the metalôs crystal lattice and 

randomly occupies interstitial sites; (4) the formation of ɓ-phase, i.e., the concentration of the 

hydrogen atoms in the crystal lattice reaches a critical value that leads to the nucleation of a 

new phase with particular physicochemical properties; (5) the growth of the ɓ-phase and the 

gradual disappearance of Ŭ-phase. As shown in Fig. 1.3, the thermodynamics of hydride 

formation can be described by pressureïcomposition isotherm (PCI) plots[37]. At the 

beginning of the hydrogenation process, some hydrogen atoms dissolve into the host metal to 

form a solid solution, e.g., Ŭ-phase. With the increase of H2 pressure and H concentration 

within the Ŭ-phase, the local interactions between hydrogen atoms and the atoms of the 

hosting lattice lead to the nucleation and growth of hydride (ɓ-phase), after the completion of 

this transformation finally additional hydrogen can be dissolved under increasing pressure in 

the ɓ-phase. The isotherms exhibit a flat plateau when the two phases coexist, and the length 

of the plateau indicates the amount of H2 that can be stored. With the increasing of the 

temperature at which the PCI measurement is performed, the plateau length decreases. The 
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transition from Ŭ-phase to ɓ-phase is continuous above the critical point TC.  

Some of the most important parameters in the selection of hydrogen storage materials 

are the reaction enthalpy (ȹH) and the reaction entropy (ȹS) of hydrogenation and 

dehydrogenation. Such information can be easily derived from the PCI plots using the so-

called vanôt Hoff plot. This plot is obtained by plotting the logarithm of the plateau pressure 

(ÌÎὖ ) versus T-1 (Fig. 1.3). 

 

Fig. 1.3. Schematic PCI diagram and corresponding vanôt Hoff plot[37]. 

According to the vanôt Hoff equation: 

ÌÎ
Ў Ў

                                                         (1.1) 

where Peq is the equilibrium pressure, P0 is the standard pressure, T is temperature and R is 

the gas constant, the ȹH and ȹS values can be obtained from the slope and the y-intercept, 

respectively.  

The kinetic properties of a hydrogen storage material must be taken into account when 

selecting a potential hydrogen storage system. In fact, obtaining fast 

hydrogenation/dehydrogenation kinetics is a key issue for many hydrogen storage 

applications. 

In the following, the activation energy and limiting steps of the hydrogenation/ 

dehydrogenation process of metal hydrides will be discussed.  For a reaction to occur, an 

excess energy should be initially provided to the atoms and molecules composing the system.  

This excess energy is called activation energy and it is indicated as Ea. There are two widely 

used methods for the determination of Ea. One is the Kissinger method[38], which by 



 

 

5 

 

determining the peak maximum in calorimetric measurements performed at several heating 

rates allows calculating the process Ea using the following equation[38]: 

ÌÎ ÌÎ                                                    (1.2) 

where ɓ is the heating rate, A is the pre-exponential factor, and Tmax is the temperature at the 

peak of the calorimetric curve. The activation energy value can be identified by the slope of 

the linear fit of the ÌÎ‍ Ὕ  versus T-1 plot. 

 The other way is ascertaining the rate constant for different sorption measurements at 

different temperatures. Considering the pressure variation caused by temperature in an 

activated kinetic process, the rate constant, k, can be described by an expended Arrhenius 

equation[39-41]: 

Ὧ ὃϽὩ ϽÌÎ                                                            (1.3) 

where A is the pre-exponential factor. Then Ea can be determined by the Arrhenius plot of 

ÌÎὯ versus 1·T-1. 

In the following, different types of solid-state hydrogen storage materials will be 

described. 

1.3. Hydrogen storage materials 

Additionally to the previously mentioned PdHx and MgH2, a large variety of hydrides has 

been considered for reversible hydrogen storage purposes. Here below those materials that 

are of interest for this thesis work, will be briefly introduced. 

1.3.1. NaAlH4 

Sodium alanate (NaAlH4) is one of the complex metal hydrides considered potentially 

suitable for practical applications[42-46], owing to gravimetric and volumetric hydrogen 

densities of 7.3 wt.% H2 and 93.4 kg H2·m
-3, respectively[47,48]. Bogdanovic et al.[49] were the 

first to demonstrate the feasibility to reversibly store hydrogen in Ti-doped NaAlH4 under 

moderate temperature and hydrogen pressure conditions. The dehydrogenation/hydrogenation 

pathways of NaAlH4 in the presence of Ti-based dopant can be described as a reversible two-

step reaction[49,50]: 

σ.Á!Ì( ᴾ.Á!Ì( ς!Ìσ(                                              (1.4) 

ς.Á!Ì( ᴾφ.Á(ς!Ì(                                                 (1.5) 

The pioneering work of Bogdanovic et al. sparked a surge of research into modifying 
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NaAlH4 with other additives, such as transition metal salts[51-54], and carbon-based materials 

[55-57]. 

The first reported synthesis method for NaAlH4 was the one proposed by Finholt et 

al.[58], in which NaAlH4 is prepared via the reaction between sodium hydride (NaH) and 

aluminium halides (i.e., AlBr3 or AlCl3) in the presence of solvents, i.e., dimethyl ether 

(DME) or tetrahydrofuran (THF) or by the reaction of aluminium hydride (AlH3) with NaH: 

τ.Á( !Ì88 "Òȟ#Ì
 

ựựựựựự .Á!Ì(σ.Á8        (1.6) 

!Ì( .Á(O.Á!Ì( σ.Á#Ì        (1.7) 

However, these two processes present several disadvantages such as hazardous reactions, 

high cost of raw materials (Eq. (1.6)), and sluggish reaction (Eq. (1.7)). Furthermore, the 

removal of side products such as sodium halides (e.g., NaCl, or NaBr) from NaAlH4 has to be 

considered. Ashby[59,60] and Classen[61] have demonstrated the possibility to directly 

synthesise NaAlH4 by the hydrogenation of NaH (or Na) and aluminium (Al) via a THF-

mediated reaction, whereas Dymova and co-workers reported on the possibility to perform 

the same reaction in solid state[62]. In both cases, the synthesis reaction can be described as 

follows: 

      ς.Á(ς!Ì σ( ᴼς.Á!Ì(             (1.8) 

.Á !Ì ς( ᴼ.Á!Ì(                 (1.9) 

In comparison to the process proposed by Finholt et al., the direct synthesis of NaAlH4 

has the advantage of requiring a lower amount of starting materials (1 mole instead of 4 

moles of NaH or Na), and metallic Al rather than highly reactive AlCl3 (or AlBr3). 

1.3.2. FeTi alloys 

The possibility to reversibly store hydrogen in FeTi alloys was first reported by Reilly and  

Wiswall in 1974[63]. This B2-structured intermetallic compound possesses gravimetric and 

volumetric hydrogen storage properties (1.87 wt.% and 105 kg H2·m
-3 at 25 °C under 50 bar 

H2)
[64] that make it an appealing candidate for storing hydrogen in stationary applications. In 

FeTi, the hydrogen is interstitially stored in tetrahedral and octahedral sites[65]. The reaction 

enthalpy and entropy associated with the release of hydrogen from FeTi are equal to 28.1 

kJ·mol-1 H2 and 106 J·K-1·mol-1 H2, respectively[63]. This entails an equilibrium temperature 

of -8.0 °C at 1 bar of hydrogen pressure, which is particularly interesting when considering 

the coupling of a potential FeTi-based hydrogen storage system with a polymer electrolyte 

membrane (PEM) fuel cell system[7]. Despite the promising hydrogen storage capacity, issues 
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related to the material activation and sloping hydrogen absorption/desorption plateau pressure 

limit the utilization of pure FeTi in commercial applications[66-71]. In recent years, many 

attempts to enhance the FeTi hydrogen storage properties have been carried out mostly by 

elemental substitution. By adding A-type (Ti) elements like Nb, Zr, and V into the system, 

the strength of the hydrogen-metal bonds can be modified, while the addition of B-type (Fe) 

elements such as Cu, Ni, Co, Mn, and Al can improve the electrocatalytic activity, thus 

facilitating the activation process[72,73]. Additionally, alloying with elements such as Mn and 

V allows reducing the hydrogenation/dehydrogenation plateau pressure slope[74-76]. As an 

example, by substituting Fe by Mn, the lattice constant of FeTi increases, resulting in lower 

equilibrium pressure, a smoothed plateau, and decreased hysteresis[74]. Whatôs more, the 

addition of Mn induces the formation of secondary phases, which could act as a channel for 

hydrogen absorption, leading to a milder activation condition[68,77].  

1.3.3. Compositionally complex alloys  

Compositionally complex alloys (CCAs)[78,79], a new family of alloys that can form hydrides, 

have recently begun to attract attention for hydrogen storage applications. Given that the 

formed structures and chemical composition have a significant impact on the hydrogen 

sorption properties, the possibility to vary to a large extent the chemistry of CCAs (with their 

vastness of compositions) promises to provide new tailor-made materials for hydrogen 

storage applications[80,81]. Refractory CCAs, Mg-containing CCAs, and some transition 

metal-based CCAs are reported to possess exceptional hydrogen storage properties[82,83]. For 

example, TiZrNbTa refractory CCA can absorb 1.67 wt.% of hydrogen at 30 °C under 2 bar 

of hydrogen pressure[84]. At 30 °C under 20 bar of H2, MgVCr and MgTiCrVFe CCAs exhibit 

0.7 and 0.3 wt.% of hydrogen capacity, respectively[85]. CruFevMnwTixVyZrz (0 Ò u, v, w, x, y, 

z Ò 2) CCAs[86] possess the hydrogen capacity range of 0.55 ī 2.33 wt.% at 25 ÁC under 22 

bar of H2. Yet, the large alloy density (more than 4.0 g·cm-3), high costs, and poor room 

temperature (RT) hydrogen storage capacity of CCAs greatly limit their mobile or stationary 

applications. Therefore, achieving low alloy density and large RT hydrogen storage capacity 

is still a challenge for CCAs. 

1.3.4. RHC 2NaBH4 + MgH2 

The use of complex metal hydrides such as NaBH4, LiBH4, etc. to store hydrogen is limited 

by the apparent irreversibility of their thermal decomposition products[87]. In fact, despite 

their appealing gravimetric and volumetric hydrogen capacity, complex metal hydrides are 
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reversible only at extreme temperatures and hydrogen pressure conditions. For instance, 

LiBH4 can only be partially re-hydrogenated at 600 ̄C under 350 bar of hydrogen pressure[88]. 

For this reason, until the end of the 1990s, they were mainly investigated as one-pass storage 

systems[87,89]. In 1996 the pioneering work of Bogdanovic and Schwickardi[49] opened the 

doors to the use of complex metal hydrides as reversible hydrogen storage systems. Since 

then, many efforts have been made to investigate the properties of this class of hydrides and 

to optimize their performance by using suitable catalysts and destabilizing agents[90,91]. 

As a result of this investigation effort, the reactive hydride composites (RHCs) approach 

was developed. In this approach, two or more hydride species are combined to obtain a 

system with a still high hydrogen storage capacity but lower reaction enthalpy and high 

reversibility[92-94]. One of the RHCs that has been considered as a model system is 2NaBH4 + 

MgH2
[95,96], owing to its significantly large gravimetric hydrogen storage capacity (7.8 wt.%), 

stability in air (higher than RHCs containing LiBH4,  Ca(BH4)2, LiNH2, Mg(NH2)2, etc.) and 

low cost of the raw materials, i.e., 10 times cheaper than the Li-containing system[97]. 

In this system, the dehydrogenation is expected to occur following a two-step reaction[95]: 

2NaBH4 + MgH2 D 2NaBH4 + Mg+ H2                                         (1.10) 

   2NaBH4 + Mg D 2NaH + MgB2 + 4H2                                          (1.11) 

However, depending on the temperature and hydrogen pressure used, reaction 

intermediates such as the eutectic molten phase of NaH/NaBH4
[98], NaMgH3

[96], and products 

such as Na, NaB12H12, and B can be formed[95,99]. Owing to a theoretical dehydrogenation 

enthalpy (for the reaction that from 2NaBH4 + MgH2 leads to 2NaH + MgB2 + 4H2) of 62 

kJ·mol-1 H2, the expected dehydrogenation temperature at 1 bar H2 is ca. 350 °C, that is 

considerably lower than the dehydrogenation temperature of pure NaBH4 (ca. 500 °C)[100,101]. 

These properties make the 2NaBH4 + MgH2 system a potential candidate for medium-

temperature hydrogen storage applications and heat storage applications. However, despite 

the improved thermodynamic properties, the formation of NaH + MgB2 
[96] proceeds speedily 

only at temperatures equal to or higher than 450 °C.  

In the attempt to find appropriate catalysts to improve the hydrogen storage properties of 

RHCs, the use of transition metal (TM)-based additives such as TiF4, ZrCl4, and Sc2O3 

proved to be a suitable approach[102-107]. In many cases, by adding small amounts of TM-

based additives, the reaction kinetics can be accelerated by a factor of ten[107]. For instance, 

Bösenberg et al.[107] found that by adding Sc2O3 and ZrCl4 to 2LiBH4 + MgH2, the incubation 

stage for the dehydrogenation of LiBH4 vanishes. Thus the dehydrogenation reaction time is 
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significantly shortened, e.g., from 25 h to 5 h. Karimi et al.[108] found that by using the NbF5 

additive, the dehydrogenation temperature of the Ca(BH4)2 + MgH2 was decreased from 350 

C̄ to 250 ̄ C. Bonatto Minella et al.[103] showed that by adding 5 mol% of TiF4 to the 

Ca(BH4)2 + MgH2 system, the onset dehydrogenation temperature decreases from 350 C̄ to 

125 ̄ C. In these works, the added TM-based additives react with the starting materials to 

form more stable compounds such as ZrB2 and TiB2, with an average particle size between 5 

and 20 nm. The crystallographic structure and the interface location of those TM-based 

compounds appear to affect the nucleation and growth of new phases, e.g., MgB2 in the 

RHCs. Bösenberg et al.[107] proposed that the better nucleation behaviour of MgB2 can be 

ascribed to the microstructural similarities between the newly generated TM-based phases 

and the nucleating MgB2. According to nucleation and growth knowledge accessible from 

metallurgical areas, e.g., the edge-to-edge matching model[109], which was recently further 

substantiated by Jin et al.[110], for heterogeneous nucleation, the coherent energy of the 

interface between the parental phase and the new phase is minimized by lowering the lattice 

mismatch at the interface. For example, Jin et al.[110] reported the elastic strain energy density 

along <10-10>TiB2/AlB2 || <10-10>MgB2 is more than 6 times smaller than that induced at 

the interface between Mg and MgB2 along <10-10>Mg || <10-10>MgB2. Therefore, the strain 

energy between the parental phase (TiB2/AlB2) and the new phase (MgB2) can be minimized, 

and these phases can act as the active nucleation sites for MgB2 to enhance the kinetics for 

the second dehydrogenation step.  

1.4. Metal sources and recycling for hydrogen storage purposes 

For thousands of years, metallic materials have played an important role in the advancement 

and development of human civilization. Today, demand for alloys is increasing in a number 

of sectors such as energy, construction, transport, and production, with a production growth 

rate expected to be as high as 200% by 2050[111]. However, the process of mining raw metal 

sources, reducing, and purifying is costly and environmentally detrimental.  
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Fig. 1.4. Global production of primary metals and ores[112]. 

As can be seen in Fig. 1.4, the most produced metal is Fe, followed by Al. According to 

European Aluminium Association, the demand for aluminium in 2030 is estimated to be 

around 16 million tonnes and approximately 18 million tonnes in 2050, suggesting a 40% 

increase in demand by 2050[113]. Meanwhile, the steel demand is projected to rise more than 

30% by 2050[114]. 

This high demand for Fe and Al will trigger an increase in the end-of-life scrap 

availabilities. Fig. 1.5 exhibits the end-of-life scrap availability of steels, indicating that the 

amount of waste metal scraps is increasing and will reach 900 Mt by 2050. How to deal with 

these end-of-life scraps will be a huge problem in the future as a considerable amount of end-

of-life waste alloys is accumulated in scrapyards[111,115,116]. These alloys have high embodied 

energy[117], ca. 25 ī 28 MJ·kg-1, and their accumulation causes considerable energy losses 

when not recycled. In addition, although the end-of-life recycling input rate of Ti can reach 

90%[118], it still results in a considerable loss of Ti resources.  
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Fig. 1.5. End-of-life scrap availability of steels[119]. 

1.5. Scope of the work  

In the present work, the development of sustainable, high-performance hydrogen storage 

materials is pursued. Concerning the sustainability aspect of the material syntheses, two 

materials are considered as model systems, i.e., NaAlH4 and FeTi. For them, the possibility of 

using waste metal scraps as raw materials instead of high-purity sources and the impact that 

such an approach entails on the material properties are investigated.  

Aiming to demonstrate the possibility of obtaining high-quality NaAlH4 starting from 

low-purity Al sources, the synthesis of NaAlH4 from the automotive DIN-GDAlSi10Mg(Cu) 

alloy is attempted and the hydrogen storage properties of the obtained material are 

comprehensively explored via a broad range of experimental techniques, e.g., volumetric 

analysis, X-ray diffraction (XRD), scanning electron microscopy (SEM), and differential 

thermal analysis (DTA). 

The synthesis of FeTi-based alloys from the scraps of two steel, i.e., C45 and 316L, and 

3.7035 Titanium Grade 2 alloy (Gr2), was attempted. The material properties and hydrogen 

storage properties of the synthesised alloys are evaluated in detail. 

It is well known that alloying is a potential strategy to modify the hydrogen storage 

properties of many systems, e.g., Mg-Cu, Mg-Al, Mg-Ni [120-122]. Recently, the potential use of 

CCA in many different fields, e.g., structural, soft magnetic, hard tool coatings, and 

photothermal conversion, has been demonstrated. This approach has just recently started to 

be utilized for designing innovative hydrogen storage materials. In this regard, in this thesis 

work, the aim is to develop ultralight high-capacity CCA for hydrogen storage. Multi -
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principal-lightweight element alloying (e.g., Ti, Mg, Li) coupled with multiphase engineering 

endows the designed CCAs with ultralow alloy density and large RT hydrogen storage 

capacity. The alloy density of the current TiVFeMgLi, TiVFeMg, and TiVMgLi CCAs are 

3.50 g·cm-3, 4.47 g·cm-3, and 2.83 g·cm-3, respectively. Meanwhile, the hydrogen storage 

performances and mechanism were investigated. 

The last part of this thesis is dedicated to uncovering the reasons that lay behind many of 

the kinetic issues that preclude the utilization of RHCs in commercial hydrogen storage 

applications. In fact, for these materials, although low operating temperatures are 

thermodynamically expected, appreciable hydrogenation/dehydrogenation rates are achieved 

only at considerably higher temperatures. This temperature mismatch is considered to be 

related to the overcoming of high kinetic barriers during nucleation and the growth of new 

species. For this study, the 2NaBH4 + MgH2 system was chosen as a model system. Particular 

emphasis is placed on understanding the role that microstructural features of the phases 

present at the composite interfaces play in the nucleation and growth of MgB2. The selected 

TM-based additives were chosen based on the capability of forming nanostructured species 

with peculiar microstructural features species[95,97,123-126].  
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2. Experimental  

2.1. Materials and synthesis methods 

The raw materials utilized in this work are obtained from commercial and not commercial 

sources. Table 2.1 lists for each synthesised system the origin of the raw materials and their 

purities. The sample preparations were carried out at Hereon by myself. 

Table 2.1 All raw materials used in this work. 

System Material Form Purity (%) Supplier 

NaAlH4 NaH Powder 95 Sigma Aldrich 

Al  Shot 99.9 Johnson Matthey 

GmbH Alfa 

Products 

Recycled Al alloy: 

DIN-

GDAlSi10Mg(Cu) 

Flake >= 80 oil pan of a 

Volkswagen 

Lupo 

Graphite Powder 98 Nanostructured & 

Amorphous 

Materials Inc 

FeTi alloys Fe Foil 99.5 Sigma-Aldrich 

Ti Foil 99.7 Alfa Aesar 

Recycled steel: C45 Turning 97.54 ī 98.28  

(Fe content) 

- 

Recycled steel: 316L Turning 62.045 ī 69.045 

(Fe content) 

- 

Recycled Ti alloy: 

3.7035 Titanium 

Grade 2 

Turning >= 99.325 - 

CCAs Ti Powder 99.5 Alfa Aesar 

V Powder 99.5 Alfa Aesar 

Fe Powder 99 Alfa Aesar 

Mg Powder 99 Sigma Aldrich 

Li  Granular 99 Sigma Aldrich 

 Stearic acid Powder 95 Sigma Aldrich 

2NaBH4 + MgH2 NaBH4 Powder >= 98 Sigma-Aldrich 
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RHCs MgH2 Powder 95 Rockwood 

Lithium GmbH 

MgF2 Powder 99.99 Umicore 

Materials AG 

3TiCl3·AlCl 3 Powder 76 ī 78% TiCl3 

purity 

Fisher Scientific 

VCl3 Powder 99 Alfa Aesar 

Mg(OH)2 Powder 95 ī 100.5 Alfa Aesar 

 

Different methods, including ball milling and arc melting were used to prepare the 

materials. For different systems, the sample compositions, preparation methods, and sample 

designations are summarized in Table 2.2. All the materials were handled inside an Ar-filled 

glovebox with moisture and oxygen values lower than 1 ppm. 

Table 2.2 Sample compositions and preparation methods used in this work. 

System Preparation 

method 

Sample 

weight (g) 

Composition Designation 

NaAlH4 Ball milling 10 NaH + pure Al + 5 wt.% 

graphite 

Pure NaAlH4 

NaH + recycled Al alloy + 

5 wt.% graphite 

Less pure NaAlH4 

FeTi 

alloys 

Arc melting 4 Pure Fe + pure Ti Pure FeTi 

C45 steel + Ti Grade 2 C45-Gr2 FeTi 

316L steel + Ti Grade 2 316L-Gr2 FeTi 

CCAs Ball milling 8 Ti + V + Fe + Mg + Li   

+ 1 wt.% stearic acid 

TiVFeMgLi 

Ti + V + Fe + Mg  

+ 1 wt.% stearic acid 

TiVFeMg 

Ti + V + Mg + Li  + 1 wt.% 

stearic acid 

TiVMgLi  

2NaBH4 + 

MgH2 

RHCs 

Ball milling 3 2NaBH4 + MgH2 Na-RHC 

2NaBH4 + MgH2 + 5mol% 

MgF2 

Na-RHC + 5 mol% 

MgF2 

2NaBH4 + MgH2 + 5mol% 

3TiCl3·AlCl 3 

Na-RHC + 5 mol% 

3TiCl3·AlCl 3 

2NaBH4 + MgH2 + 5mol% Na-RHC + 5 mol% 
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VCl3 VCl3 

2NaBH4 + MgH2 + 5mol% 

Mg(OH)2 

Na-RHC + 5 mol% 

Mg(OH)2 

 

2.1.1. Synthesis of NaAlH 4 

Sodium hydride, aluminium shots, and graphite were used without further pretreatment. The 

recycled Al alloy used in this study was the DIN-GDAlSi10Mg(Cu), having a nominal 

elemental composition as reported in Table 2.3. The alloy was obtained from the oil pan of a 

Volkswagen Lupo by mechanical abrasion and then stored in the air. 

Table 2.3 Composition of DIN-GDAlSi10Mg(Cu) alloy[127]. 

Element Si Al  Mn Ti Fe Ni Zn Cu Mg 

Content 

(wt.%) 
9.0 ī 

10.0 
>= 80 0.2 ī 0.5 <= 0.15 <= 1.3 <= 0.1 <= 

0.3 
<= 0.3 0.4 ī 0.6 

 

In the NaAlH4 sample prepared from recycled Al alloy (denoted as less pure NaAlH4), 

the amount of NaH and recycled Al alloy was fixed at 3.95 and 5.55 g, respectively. These 

weight values are calculated to match a molar ratio of 1 to 1, taking into account that the Al 

content of DIN-GDAlSi10Mg(Cu) is only 80 wt.%. To prevent cold welding phenomena 

prior to milling, 0.5 g of graphite in powder form was added to each material batch. 

Eventually, ten grams of materials (NaH, recycled Al alloy, and graphite) were charged into 

an in-situ high-pressure steel vial (Evico Magnetics) together with 300 g of stainless steel 

balls. The high-pressure reaction vessel was then evacuated and refilled with hydrogen (ca. 

83 bar). During milling, the temperature and pressure inside the vial were recorded. The 

milling process was performed in a Fritsch P6 planetary ball-milling device at 550 rpm for 50 

h. The overall synthesis of the materials are summarized in the schematic figure (Fig. 2.1). 

For comparison, NaAlH4 was also synthesised from a mixture of pure Al shots and NaH 

powder in a molar ratio of NaH : Al = 1:1 following the same procedure as for the less pure 

NaAlH4. The material obtained from high purity reactants is denoted as pure NaAlH4. It must 

be mentioned that for obtaining a full conversion of the starting reactants into NaAlH4, in the 

case of the pure NaAlH4 the material mixture had to be milled for additional 25 hours (75 

hours in total).  
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Fig. 2.1. Schematic synthesis of less pure NaAlH4 materials by using a Fritsch P6 planetary ball-

milling device. 

2.1.2. Synthesis of FeTi alloys 

Four grams of Fe foil and Ti foil for pure FeTi, C45 steel and 3.7035 Titanium Grade 2 for 

C45-Gr2 FeTi, 316L steel and 3.7035 Titanium Grade 2 for 316L-Gr2 FeTi, with an atomic 

ratio of 1:1 were melted together by an Edmund Buhler MAM-1 arc melter, and the ingots 

were re-melted five times to ensure their homogeneity. The compositions of the C45 steel, 

316L steel, and 3.7035 Titanium Grade 2 are shown in Table 2.4, 2.5, and 2.6, respectively.  

Table 2.4 Composition of C45 steel scraps. 

 

Table 2.5 Composition of 316L steel scraps. 

 

Table 2.6 Composition of 3.7035 Titanium Grade 2 alloy scraps. 

Elements Ni Cr Mo Ni + Cr 

+ Mo 

Si Mn C S P Fe 

Content 

(wt.%) 

Ò 0.40 Ò 0.40 Ò 0.10 Ò 0.63 Ò 0.40 0.50 ī 

0.80 

0.42 ī 

0.50 

Ò 

0.045 

Ò 

0.045 

Rest 

Elements Ni Cr Mo Si Mn C S P N Fe 

Content 

(wt.%) 

10.00 

ī 

14.00 

16.00 

ī 

18.00 

2.00 ī 

3.00 

Ò 0.75 Ò 2.00 Ò 0.03 Ò 

0.03 

Ò 

0.045 

Ò 0.10 Rest 
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The obtained ingots were then suction-cast to rods with a dimension of F3 mm ³ 30 mm. 

The rods were hand-crushed, and a 125 mesh sieve was used to sieve the powders. Fig. 2.2 

shows the synthesis of FeTi powders. 

 

Fig. 2.2. Synthesis of FeTi from waste steel and Ti alloy scraps by using an Edmund Buhler MAM-1 

arc melter. 

2.1.3. Synthesis of CCAs 

Commercially available Ti, V, Mg, Fe powders, and Li granulars were used as starting 

materials. The alloys with nominal compositions of TiVFeMgLi, TiVFeMg, and TiVMgLi 

were prepared by ball milling. For each composition, 8 grams of materials were milled under 

Ar atmosphere in a Fritsch P6 Planetary miller for 80 hours, with a ball-to-powder ratio of 

20:1. To prevent the cold welding phenomenon, 1 wt.% of stearic acid (95% purity, Sigma-

Aldrich) was added to each alloy. 

2.1.4. Synthesis of RHC 2NaBH4 + MgH2 

Commercially available powders of NaBH4, MgH2, MgF2, 3TiCl3·AlCl3, VCl3, and Mg(OH)2 

were used as starting materials. The specimens investigated in this work were prepared by 

milling three grams of 2NaBH4 + MgH2 with and without 5 mol% of additives (i.e., MgF2, 

3TiCl3·AlCl3, VCl3, and Mg(OH)2) in a Spex 8000M Mixer Mill for 400 min, as shown in 

Table 2.2. Stainless steel vial and balls with a diameter of 10 mm were used to perform the 

Elements Fe C O H N Ti 

Content 

(wt.%) 

Ò 0.30 Ò 0.08 Ò 0.25 Ò 0.015 Ò 0.03 Rest 
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milling, with a ball-to-powder ratio of 20:1. 

2.2. Volumetric analyses 

The hydrogen storage capacity and hydrogenation/dehydrogenation kinetic behaviour of the 

synthesised materials were characterized using a custom-built in-house Sieverts-type 

apparatus. Around 100 ī 200 mg of materials were loaded in the sample holder under desired 

hydrogen pressures. To minimize the pressure change during the reaction, a 1000 mL extra 

volume was employed. In this apparatus, the hydrogen release/uptake determination is 

calculated based on the differential pressure value generated between the sample holder and 

the empty reference holder upon thermal or pressure gradients. 

To further investigate the reversible hydrogen storage capacity and thermodynamic 

behaviour of the materials, a manometric Sievert-type apparatus (PCT-Pro 2000 Setaram & 

Hy-Energy) that works based on the absolute pressure principle was used. For each 

investigation, about 2 g of the alloy was loaded into a steel sample vial and packed with a 

screw-cap equipped with porous sintered metal filters. The steel vial was then placed into an 

autoclave-type sample holder. Steel cylinders were used to fill the empty area in the 

autoclave sample holder. The handling and charging of the powders in the sample holder 

were conducted inside an Ar-filled glovebox (O2 and H2O levels Ò 1 ppm). Once the sample 

holder was connected to the Sievert-type apparatus, the PCI measurements were carried out 

by applying hydrogen pressure variations of 3 to 5 bar, and equilibrium time durations 

between 60 and 120 min for each pressure step. The selected reservoir volume was 12.28 mL, 

while the volume of the sample holder was calibrated for each temperature. Due to the broad 

range of applied conditions, the details of each measurement will be given later in the results 

chapter. The volumetric measurements and related data analyses were carried out at Hereon 

by myself. 

2.3. Kinetic  modeling 

Hydrogenation/dehydrogenation kinetic behaviour is of great importance for hydrogen 

storage, while understanding the rate-limiting steps are the key issue to help the improvement 

of the materialsô kinetic behaviour. The rate-limiting steps during 

hydrogenation/dehydrogenation can be obtained by fitting the kinetic curves of the materials 

with different models. The Sharp and Jones method was used for kinetic modeling[128,129]. In 

this method, the experimental data can be expressed as follows: 
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Ὂ‌ ὃ
Ȣ

                                                         (2.1) 

where Ŭ is the reacted fraction, t is the reaction time, t0.5 is the time at Ŭ = 0.5, and A is 

the rate constant. F(Ŭ) is the measured hydrogen storage capacity over the overall capacity. 

Firstly, for the investigated samples, the kinetic curves were normalized. Subsequently, 

different fitting models[130,131] were used to fit the obtained curves (Table 2.7). The criterion 

for deciding whether a model successfully describes the hydrogenation/dehydrogenation 

reaction is the following: the slope of the fitted curve should be close to 1, the intercept 

should be close to 0, and the fitting coefficient of determination R2 should be close to 1. The 

kinetic modeling was carried out by myself. 

Table 2.7 Kinetic models used for fitting [130]. 

Model types Kinetic rate models Equations used for the 

fitting 

Diffusion models D1 one-dimensional 

diffusion 
‌

πȢςυ
 

D2 two-dimensional 

diffusion 

‌ ρ ‌ ÌzÎρ ‌

πȢρυστ
 

D3 Jander equation for 

three dimensional 

diffusion 

ρ ρ ‌

πȢπτςυυ
 

D4 Ginstling-Braunshtein 

equation for three 

dimensional diffusion 

ρ
ς
σ
‌ ρ ‌

πȢπσφχ
 

Geometrical contraction models R2 two-dimensional 

interface controlled 
ρ ρ ‌

πȢςωςψω
 

R3 three-dimensional 

interface controlled 
ρ ρ ‌

πȢςπφςω
 

Nucleation and growth models F1 JMA- n = 1 ÌÎρ ‌

πȢφωσρ
 

F2 JMA- n = 1/2 
ÌÎρ ‌

πȢψσς
 

F3 JMA- n = 1/3 
ÌÎρ ‌

πȢψψτω
 

F4 JMA- n = 1/4 
ÌÎρ ‌

πȢωρςτ
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F5 JMA- n = 2/5 
ÌÎρ ‌

πȢψφσφ
 

2.4. Thermodynamic calculation 

Since the 1970s, CALculation of PHAse Diagram (Calphad), a method that couples the phase 

diagram and thermochemistry, has rapidly emerged as a new trend in the study of phase 

diagrams. The accuracy of a large number of binary, ternary and multiple phase diagrams has 

been significantly improved by using thermodynamic and phase diagram self-consistent 

tests[132]. To predict the phase constitutions of the materials involved in this thesis work, the 

thermodynamic calculations were performed by using Calphad method. In the Calphad 

method, each phase of the system is modeled separately and information on the models and 

on the thermodynamic parameters of the phases are stored in thermodynamic databases that 

can be read and used by thermodynamic software, which performs the minimization of the 

total Gibbs energy of the system. OpenCalphad[133] was used as the thermodynamic software 

engine and was provided with the database from ref.[134]. This part is in collaboration with 

and was done by Mr. Ebert Alvares from Hereon. 

To determine the reaction pathway of the dehydrogenation, the product compositions at 

the investigated conditions are predicted by equilibrium composition calculations. The 

equilibrium composition calculations were carried out with the HSC Chemistry software 

9.7.2[135]. Pure materials were taken into account for the calculations. This part is in 

collaboration with and was done by Dr. Julian Puszkiel from Helmut Schmidt University, 

Germany. 

2.5. Calorimetric analyses 

The thermal behaviour of the materials was investigated by differential thermal analysis 

(DTA) and differential scanning calorimetry (DSC). DTA was carried out using a Netzsch 

STA 409 (DTA calorimeter). The measurements were carried out under an Ar flow of 50 

ml·min-1. During the DTA analyses, the release of hydrogen in the Ar stream was monitored 

using a Hiden Analytical Hal 201 Mass Spectrometer (MS). DSC curves of the samples were 

obtained by a high-pressure DSC 204 HP Phoenix from Netzsch. About 10 to 20 mg of 

sample powders were placed in an Al 2O3 crucible and then heated up to the set temperature. 

The calorimetric measurements and related data analyses were carried out at Hereon by 

myself. 
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2.6. Fourier -transform infrared spectroscopy 

Fourier-transform infrared spectroscopy (FTIR) technique was applied to characterize the 

corresponding phases of the as-milled samples, using an Agilent Technologies Cary 620 FT-

IR located inside an Ar-filled glovebox (O2 and H2O levels lower than 1ppm). Each spectrum 

was recorded in the range of 650 cm-1 to 4000 cm-1 with a resolution of 4 cm-1. The FTIR 

measurements and related data analyses were carried out at Hereon by myself. 

2.7. X-ray diffraction  

2.7.1. Ex-situ X-ray diffraction  

X-ray diffraction (XRD) is a fast, accurate and efficient material nondestructive testing 

technique that can provide information about the structure and phase constitutions of 

crystalline materials.  

In this work, to determine the phase constitutions of the materials, ex-situ XRD 

measurements were carried out via a Bruker D8 Discover diffractometer (Bruker AXS GmbH, 

Karlsruhe, Germany) equipped with Cu KŬ source (ɚ =1.54184 Å) operating at 50 kV and 

1000 mA. The used detector is a 2D VANTEC detector in Bragg-Brentano geometry. The 

diffraction patterns were collected in nine steps in the 2q range from 10̄ to 90 ̄  with an 

exposure time of 400 s per step. A small amount of powder was placed in the middle of the 

sample holder and then sealed with an airtight dome made of polymethylmethacrylate 

(PMMA). 

The crystallite sizes of the materials were calculated by using the Scherrer formula, 

which is based on the related full width at half maximum (FWHM) of the diffraction 

peaks[136]: 

 ὸ
Ȣ

                                                               (2.2) 

where t is the crystallite size, 0.9 is the particle shape factor, ɚ is the X-ray wavelength, ɓ is 

the FWHM, and q is the Bragg angle. 

The ex-situ XRD measurements and related data analyses were carried out at Hereon by 

myself. 

2.7.2. High-energy X-ray diffraction  

High-energy XRD (HEXRD) measurements of the bulk materials were performed at 

beamline HEMS run by Helmholtz-Zentrum hereon GmbH at PETRA III of Deutsches 
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Elektronen-Synchrotron (DESY), Hamburg, Germany. The selected wavelength was ɚ = 

0.124 Å. The sample-to-detector distance (SDD) was calibrated by using a LaB6 standard 

sample from NIST. The obtained 2D images were converted to numerical data via FIT2D[137] 

software. Then the MAUD[138] program was used to identify the phase constitution and lattice 

constant. This part is in collaboration with Prof. Florian Pyczakôs group from Hereon. The 

related data analyses were carried out by myself. 

2.7.3. In-situ synchrotron X-ray powder diffraction  

In-situ synchrotron radiation powder XRD (SR-PXD) measurements were carried out at the 

beamline P02.1 at PETRA III, DESY, Hamburg, Germany. The selected wavelength was 

0.20734 Å and the used detector is a Varex 4343CT detector. The SDD was 1204.9 mm, 

which was calibrated with a LaB6 standard sample from NIST. A special high-pressure 

sample cell[139,140] was used for in-situ monitoring of solid or gas reactions, as can be seen in 

Fig. 2.3. A sapphire capillary loaded with sample was attached to the cell inside an Ar-filled 

glove box. The SR-PXD data were acquired each 10 s and the obtained 2D images were 

converted into a two-colon numerical file by using the FIT2D program[137]. Then the 

MAUD [138] program was used to identify the phase constitution and lattice constant. The in-

situ XRD measurements and related data analyses were carried out at DESY by myself. 

 

Fig. 2.3. The high-pressure cell used for in-situ SR-PXD measurements. 

2.8. Small angle X-ray scattering 
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Small angle X-ray scattering (SAXS) is a technique that allows quantifying the nanoscale 

density differences in a sample, thus it determines the size distribution of nanoparticles, 

resolves the size and shape of macromolecules, determines pore sizes, and feature distances 

in partially ordered materials, and so on. In this thesis work, the SAXS technique was used to 

determine the size distribution of the nanoparticles. SAXS measurements were carried out at 

Beamline 1.3W: SAXS/WAXS, Synchrotron Light Research Institute (SLRI), Thailand. This 

beamline offers X-ray energy of 9 keV, with an SSD of 4297 mm (calibrated using SEBS 

block co-polymer standard sample). The accessible q-range was between 0.05 and 1.5 nm-1, 

and the exposure time was chosen to be 60 s. The beam size at the sample position was 1³1 

mm2 and a Rayonix SX165 CCD detector was implemented. The SAXS pattern of the 

samples and the backgrounds were recorded. These patterns were normalized by the beam 

intensity and its X-ray transmission. Then, the 1D SAXS profiles were obtained by radial 

averaging the resultant background-subtracted pattern. Data pre-processing was done via 

software of SAXSIT version 4.48 (Small Angle X-ray Scattering Image Tool, in-house 

developed software at SLRI). This part is in collaboration with and was done by Prof. Rapee 

Gosalawitôs group from Suranaree University of Technology, Thailand. The related data 

analyses were carried out with the help of Dr. Karimi Fahim. 

2.9. Scanning electron microscopy 

SEM is a technique that uses a finely focused beam of electrons to bombard the surface of a 

sample and to observe and analyse the morphology of the sample by means of secondary 

electrons and backscattered electrons generated by the interaction between the electrons and 

the sample. Part of the morphology of the powdered materials was investigated by SEM 

(EvoMA10, Zeiss, Oberkochen, Germany). To prevent detrimental oxidation phenomena, a 

custom-made sample holder was used. The powders were placed in the transfer sample holder 

in an Ar-filled glovebox (O2 and H2O level < 1 ppm). The transfer sample holder was 

evacuated before being transferred into the SEM chamber and then was opened inside the 

SEM chamber only when a high vacuum condition was achieved. This part is in collaboration 

with and was done by Prof. Chiara Milaneseôs group from University of Pavia, Italy. 

The rest part of the morphology of the powder materials was investigated by the 

secondary electron mode of the field-emission SEM (FEI Quanta 650 SEM). The handling of 

the sample preparation was done inside an Ar-filled glovebox (O2 and H2O levels Ò 1 ppm). 

This part is in collaboration with and was done by Ting Chen from Hereon. 
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SEM measurements of the bulk alloys were done at a Field emission SEM (FE-SEM, 

Zeiss Auriga and LEO Gemini). The rods were embedded into fast-curing resins along the 

casting direction, then the sample was ground and polished. This part is in collaboration with 

and was done with the assistance of Prof. Florian Pyczakôs group from Hereon. The related 

data analyses were carried out by myself. 

2.10. Transmission electron microscopy 

Transmission electron microscopy (TEM) is a large-scale microscope that uses a high-energy 

electron beam as the illumination source for magnification and imaging. The TEM allows 

analyzing the microstructure of the sample by focusing the electron beam onto a very thin 

sample and analyzing the image formed by the transmission or diffraction of the electron 

beam through the sample.  

The focused ion beam (FIB) lift-out technique was used to prepare TEM samples from 

bulk materials. The samples were first thinned by using 30 keV Ga+ and polished by 

decreasing ion energy gradually down to 2 keV for mitigating artificial damage. TEM 

measurements were performed with a JEM-2100F TEM equipment operating at 200 kV. The 

elemental distribution of the samples was characterized by Energy-dispersive X-ray 

spectroscopy (EDX) equipped in TEM. This part is in collaboration with and was done by Dr. 

Shaofei Liu from the City University of Hong Kong, China. The related data analyses were 

carried out by myself. 

TEM images of powdered materials were obtained by an FEI Tecnai 200 microscope 

working with a field emission electron gun operating at 200 kV. This part is in collaboration 

with and was done with the assistance of Prof. Sebastiano Garroni from University of Sassari, 

Italy. The related data analyses were carried out by myself. 

For analyzing the nucleation behaviour of  RHC 2NaBH4 + MgH2 , the sample powder 

was dispersed in toluene and ultra-sonicated for 1 min at RT and subsequently dropped onto 

Lacey carbon-coated TEM copper grids. To avoid oxidation of the materials, these operations 

were carried out under argon atmosphere in the glovebox. The prepared sample was then 

introduced into the TEM column using a vacuum transfer holder 648 (Gatan Inc., USA). 

TEM experiments were performed on a Themis-Z 60-300 (Thermo Fisher Scientific Inc., 

USA) equipped with a monochromator and double aberration correctors (probe and image Cs 

correctors), operated at 300 kV. Scanning TEM (STEM) images and EDX elemental mapping 

were acquired via a high-angle annular dark-field (HAADF) detector with a convergence 
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angle of 21.5 mrad and a camera length of 93 mm. Selected area electron diffraction (SAED) 

patterns and high-resolution TEM (HRTEM) images were recorded using a OneView camera 

(Gatan Inc., USA). This part is in collaboration with and was done by Dr. Ou Jin from 

Karlsruhe Institute of Technology, Germany. 

2.11. First -principles calculations 

To study the nucleation behaviour of the nanosized products at atomic level, first-principles 

calculations were implemented. First-principles calculations are calculations of the behaviour 

of atoms and electrons in condensed and isolated bodies at the electronic level, starting from 

quantum mechanics. The bonding pattern between atoms can be described and explained 

quantitatively, and the bonding pattern can directly determine the internal structure of a 

material, thus affecting all aspects of its properties[141]. Density functional theory (DFT) as 

implemented in the Vienna Ab-initio Simulation Package (VASP) version 5.4.4 was utilized 

to carry out all the calculations. Generalized-gradient approximation (GGA) in the form of 

the revised version of Perdew-Burke-Ernzerhof functional for solids and surfaces (PBESol) 

was chosen for describing the exchange-correlation interactions. A plan-wave energy-cutoff 

of 540 eV was chosen for all the calculations through a series of convergence tests.  The 

structures were relaxed with an energy convergence criteria of 1 ³ 10-5 eV·atom-1 until the 

forces acting on all atoms were less than 0.01 eV·Å-1. A k-spacing method was used for all 

the calculations, while for optimization k-spacing is equal to 0.4, and for energy calculations, 

k-spacing is equal to 0.2. For the bulk calculations, ionic positions were fully relaxed while 

the bottom layers of the surface models were constrained to ensure a bulk-like interior. A 

supercell size of 2 ³ 2 ³ 1 was sufficient for the surface and interface models and a 15 Å 

vacuum thickness was used to prevent interactions in the z-direction. This part was carried 

out by myself with the supervision of Ms. Archa Santhosh from Hereon. 
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3. Results 

3.1. NaAlH4 

To reduce the carbon footprint associated with the production of hydrogen storage materials 

and to reduce their cost, the possibility of obtaining high-quality hydride-based materials 

from industrial metals waste was pursued. In particular, in this part, a method for obtaining 

high-quality NaAlH4, starting from the Al-based automotive recycled alloy DIN-

GDAlSi10Mg(Cu) was proposed. The hydrogen storage properties of the material obtained 

by ball milling NaH and DIN-GDAlSi10Mg(Cu) under a hydrogen atmosphere were 

comprehensively explored via a broad range of experimental techniques, e.g., volumetric 

analysis, ex-situ XRD, in-situ SR-PXD, SEM, and DTA. These investigations show that 

NaAlH4 was successfully synthesised and that its properties are comparable with those of 

high-purity commercial NaAlH4, as further discussed in this section. 

3.1.1. Materials synthesis 

Fig. 3.1 shows the engine component made of DIN-GDAlSi10Mg(Cu) alloy used as Al 

source for the synthesis of less pure NaAlH4 (Fig. 3.1(a)), and a part of the material obtained 

from the same component via mechanical abrasion (Fig. 3.1(b)). The average size of the 

obtained DIN-GDAlSi10Mg(Cu) particles lays in the millimeter range. The morphological 

investigation of the abraded material carried out via SEM technique, reported in Fig. 3.1(c), 

reveals that the alloy particles possess a flat flake-like shape. The EDX analysis performed on 

these particles lead to an estimated elemental composition of 87 wt.% Al, 10 wt.% Si, 0.5 

wt.% Mn, and 2 wt.% O (inserted figure in Fig. 3.1(c)). The ex-situ XRD pattern obtained for 

the abraded material, shown in Fig. 3.1(d), exhibits mainly the diffraction peaks of Al and Si. 
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Fig. 3.1. (a) Original recycled Al alloy; (b) as-received recycled Al alloy; (c) SEM image of Al 

recycled from (b), the inserted figure is EDX quantitative analysis of the area selected in the box; (d) 

ex-situ XRD patterns (ɚ =1.54184 Å)  for the recycled Al alloy from (b). 

Fig. 3.2(a) shows the pressure and temperature evolution during the milling of NaH with 

recycled Al alloy (green curve) and of NaH and pure Al (orange curve) under the hydrogen 

atmosphere. For the synthesis of the less pure NaAlH4, in the pressure and temperature 

profiles, it is possible to distinguish 3 stages. The initial pressure and temperature were 84 bar 

and 20 °C, respectively. After 5.3 h of milling, the pressure and temperature have risen to 101 

bar and 93 °C, respectively. The increase of the pressure is mostly driven by the increase of 

the vialôs temperature, consequently due to the friction between milling balls and vial walls. 

After this first step, the pressure in the vial decreases continuously, reaching a value of 69 bar 

after 26 h milling. In the same period, the temperature inside the vial continuously decreases 

(i.e., final temperature 67 °C). The milling period between 26 and 50 hours is characterized 

by an additional pressure and temperature reduction with final values of 67 bar and 66 °C, 

respectively. The first milling period of the synthesis of pure NaAlH4 is also characterized by 

the increase of the hydrogen pressure and temperature values i.e., from 83 to 97 bar and from 

26 to 82 °C, respectively. Unlike the synthesis from recycled Al, for the pure NaAlH4 the 

pressure started decreasing after 1.5 h milling, whereas the temperature additionally increased 

to 90 °C. Additionally, it can be seen that the pressure of the pure NaAlH4 sample continued 

to significantly decrease even after 50 h, thus suggesting that the formation of NaAlH4 is not 

complete. This hypothesis was confirmed by the ex-situ XRD analyses performed on the 50 h 

milled materials which indicates a low yield of NaAlH4 formation (see Fig. S1). Therefore, to 
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increase the yield of conversion, the material was milled for a further 25 h. The observed 

changes in pressure and temperature during the milling are in agreement with the multi-step 

reaction mechanism proposed in Ref.[142]. 

 

Fig. 3.2. (a) Pressure and temperature profiles during the milling of NaH + pure Al and NaH + 

recycled Al mixtures under about 83 bar of hydrogen and (b) corresponding ex-situ XRD patterns (ɚ 

=1.54184 Å) of the materials collected after ball milling (50 h for the less pure NaAlH4 and 75 h for 

the pure NaAlH4). 

In Fig. 3.2(b), the ex-situ XRD patterns obtained for the less pure NaAlH4 (milled for 50 

h) and pure NaAlH4 (milled for 75 h) are shown. In both patterns, the diffraction peaks of 

NaAlH4 are clearly visible, indicating that NaAlH4 was successfully formed. In addition, 

small reflections associated with the presence of Na3AlH6 and unreacted Al are also observed 

in both patterns. The formation of Na3AlH6 as an intermediate phase in the formation of 

NaAlH4 was also previously mentioned in the literature[47,142-144]. Besides the previously 

mentioned phases, in the diffraction pattern of less pure NaAlH4, reflections of Si are also 

visible. 

3.1.2. The 1st dehydrogenation behaviour 

Fig. 3.3(a) and (b) present the 1st dehydrogenation curves of the NaAlH4 samples and the ex-

situ XRD patterns acquired after dehydrogenation, respectively. Clearly, the dehydrogenation 

kinetics of the less pure NaAlH4 is faster than that of pure NaAlH4. More specifically, for the 

less pure NaAlH4, the dehydrogenation begins at about 150 °C and after 120 minutes, a total 

amount of released hydrogen equal to 3.6 wt.% is achieved. The dehydrogenation of the pure 

NaAlH4 starts at about 202 °C, and a total amount of hydrogen equal to 3.8 wt.% is released 

after 120 min. The lower hydrogen storage capacity displayed by the less pure NaAlH4 can be 

attributed to the numerous impurities contained in the starting alloy, e.g., Si, Mn, and O. 
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Considering that the impurities of Si, Mn, O, are expected to not absorb hydrogen, their 

presence reduces the storage capacity of the synthesised material. It must be mentioned that, 

although upon milling, Na, Al, and Si may form clathrates like NaxSi136, Na8Al8Si38, or 

NaAlSi, it is unlikely that they absorb hydrogen under the conditions investigated in this 

work[145-147]. For instance, the NaxSi136 can only absorb 0.05 wt.% of hydrogen under 100 bar 

H2 pressure at RT[145]. NaAlSi cannot absorb hydrogen due to kinetic limitations, resulting 

from the precipitation of Si around the NaAlSi phase[146]. The ex-situ XRD patterns of the 

desorbed materials (Fig. 3.3(b)) show the presence of NaH and Al in both specimens. 

Additionally, a small amount of Na3AlH6 can also be detected in the less pure NaAlH4 

sample, indicating that the samples might not be fully dehydrogenated. Thus, it is likely that 

the lower dehydrogenation temperature of the less pure NaAlH4 material is due to a catalytic 

influence that the presence of transition metal impurities exerts on the NaAlH4 

dehydrogenation process. 

 

Fig. 3.3. (a) 1st dehydrogenation behaviour and (b) corresponding ex-situ XRD patterns (ɚ =1.54184 Å) 

after 1st dehydrogenation of the synthesised pure and less pure NaAlH4 materials. 

3.1.3. Thermal properties and activation energies 

To further investigate the dehydrogenation process of the synthesised NaAlH4, DTA and 

coupled MS analyses of both the pure and less pure NaAlH4 were carried out. As seen in Fig. 

3.4(a), for the pure NaAlH4, two endothermic events are observed, whereas, three 

endothermic peaks are observed in the DSC curve of the less pure NaAlH4. The onset 

temperature (Tonset) for the 1st peak of the less pure material is 24 °C lower as compared to 

that of the pure sample, whereas the peak temperatures (Tpeak) are similar, ca. 180 °C. Also 

for the 2nd endothermic event, the onset temperature for the less pure NaAlH4 is lower than 

that of the pure material, i.e., 191.4 °C vs. 212.8 °C, respectively. For this event, Tpeak of the 
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less pure NaAlH4 is sensibly lower than that of pure NaAlH4 i.e., 217.6 instead of 226.3 °C. 

As previously mentioned, an additional endothermic peak (peak 3) at 243.7 °C is detected for 

the less pure NaAlH4. Although the first two endothermic signals can be attributed to the 

decomposition of NaAlH4
[148-150] and Na3AlH6

[142,148,151,152], as confirmed by the MS analysis 

(Fig. 3.4(b) and (c)), which reveals the release of hydrogen only, the reason for the third 

signal is unknown at this time and will be examined in greater depth later. 

 

Fig. 3.4. (a) DTA and (b)-(c) MS curves of synthesised pure and less pure NaAlH4 materials, heating 

from RT to 300 °C with a heating rate of 3 °C·min-1 under argon atmosphere. 

To find out whether the decomposition process of NaAlH4 is consistent with the above-

mentioned description, an in-situ SR-PXD experiment of the less pure NaAlH4 was 

performed, and the results can be seen in Fig. 3.5. The diffraction pattern of the material at 

RT, in agreement with the previously reported ex-situ XRD results (Fig. 3.2(b)), indicates the 

presence of NaAlH4 (mostly) plus Na3AlH6, Al, and Si. The clearly detectable peaks of Si 

indicate that this phase does not react with the other materials during ball milling. During 
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heating, at 143 °C, reflections of Na3AlH6 appear, indicating that NaAlH4 decomposed to 

Na3AlH6, Al, and H2. Further increasing the temperature to 160 C̄, the hydrogenated phases 

related to impurities like Ŭ-MgH2 and Mg7TiH16 appear. At a temperature of 220 C̄, the 

above-mentioned two phases gave rise to ɔ-MgH2 and Mg2TiH6 phases, respectively. Slightly 

increasing the temperature to 230 °C, the intensity of the Na3AlH6 peaks decreased, while 

NaH peaks were detected. This observation indicates the decomposition of Na3AlH6 to NaH, 

Al, and H2. Later during the isothermal period at 270 C̄, the previously observed ɔ-MgH2 

and Mg2TiH6 phases vanished, which points out that these two phases are unstable hydrogen-

containing phases. After keeping at 270 ̄C for ca. 1h, the final decomposition products of 

NaAlH4 are NaH and Al, only. It is worthwhile to mention that in the temperature range 

between 220 °C and 230 °C, the Mg-related phases are stable, but the Na3AlH6 peaks are 

getting weaker. Thus the decomposition of Na3AlH6 should happen earlier than the 

destabilization of other Mg-contained hydrogenated phases, which implies that peak 2 in Fig. 

3.4(a) is related to the decomposition of Na3AlH6 to NaH + H2. In summary, the 

decomposition reaction pathway for the less pure NaAlH4 under the investigated conditions is 

the same.  

 

Fig. 3.5. The SR-PXD patterns (ɚ =0.20734 Å) of the as-milled less pure NaAlH4 during in-situ 

dehydrogenation process: the pressure is 1 bar of Ar, and the temperature was increased from RT to 

270 ̄ C (heating rate of 10 ̄C·min-1) and then kept at 270 ̄C for 1 h. 

To determine the dehydrogenation Ea of the pure and less pure NaAlH4, DTA 

measurements at different heating rates, i.e., 2, 3, 5, and 10 °C·min-1 were performed and the 

results are shown in Fig. 3.6(a). As can be seen in Fig. 3.6(b), the calculated Ea values for 
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peak 1, i.e., the decomposition of NaAlH4 to Na3AlH6 + Al + H2 for the pure and the less 

pure materials are 302 ± 5 and 285 ± 9 kJ·mol-1 H2, respectively. The results show that for the 

less pure material, the Ea is 17 kJ·mol-1 H2 lower than that of the pure one. For the 

decomposition of Na3AlH6 to NaH + Al + H2 (peak 2 of the pure NaAlH4), the Ea for the pure 

material is 81 ± 3 kJ·mol-1 H2. However, in the less pure NaAlH4, this value (peak 3 of the 

less pure NaAlH4) was calculated to be 114 ± 4 kJ·mol-1 H2, and the Ea for the decomposition 

of Mg-related phases (peak 2 of the less pure NaAlH4) was calculated to be 110 ± 9 kJ·mol-1 

H2. The Ea values reported in the literature for the decomposition of NaAlH4 to Na3AlH6 + Al  

+ H2 fall in the range between 118 and 132 kJ·mol-1 H2
[153,154], whereas, the Ea values for the 

decomposition of Na3AlH6 to NaH + Al + H2 are in the range between 121 and 268 kJ·mol-1 

H2
[153-155], which are sensibly different from the results obtained in this work. The differences 

can be attributed to the different synthesis techniques, measuring methods (i.e., Arrhenius 

equation[156] and Kissinger equation), types of devices, and experimental conditions. In 

addition, the intrinsic properties of the samples, such as the particle size, the dispersion 

degree, and the defect content can make big differences among the results[157-159]. It is also 

important to note that in the present work, 5 wt.% of graphite was added to the samples to 

prevent cold welding of the powders to the vials, which may significantly influence the Ea 

values. Wilson-Short et al.[160] studied the formation and migration of native defects in 

NaAlH4 and found that the charged defect rather than the neutral defect is the predominant 

factor that affects the diffusion and decomposition of this system. The formation of hydrogen 

Frenkel pairs composed of hydrogen interstitials (Hi) and hydrogen vacancies (VH) could be 

the rate-limiting step for the dehydrogenation process[160,161]. In comparison to the pure 

NaAlH4 synthesised in the present work, the less pure NaAlH4 has lower Ea for the 

decomposition of NaAlH4 to Na3AlH6 + Al  + H2, which might be due to the presence of 

impurities in the less pure material. The impurities in the recycled Al alloy, such as Si, Cu, Fe, 

and Mn can act as electrically active extrinsic dopants and introduce defects that are deep into 

the level of changing the bandgap, thus shifting the Fermi level to be far away from the band 

edges. The shift of the Fermi level leads to the decrease of the formation energy of the 

hydrogen-related point defects[158], thus accelerating the self-diffusion, and subsequently 

leading to the decrease of activation energy[159]. 
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Fig. 3.6. (a) DTA curves and (b) corresponding Kissinger plots of different decomposition peaks for 

the pure and the less pure NaAlH4. 

3.1.4. Cycling behaviour and kinetic modeling 

To investigate the reversibility of the less pure NaAlH4, five dehydrogenation/re-

hydrogenation cycles were performed. Fig. 3.7 shows the dehydrogenation/re-hydrogenation 

curves of the less pure NaAlH4. During the 1st dehydrogenation, the material can desorb 3.85 

wt.% of hydrogen, and the time to reach 95% of the total yield is 24 min. After 5 cycles, the 

capacity drops to 3.17 wt.%, and the time to reach 95% of the total reaction is 42 min. 

Interestingly, the onset dehydrogenation temperature decreases with the increase of the 

cycling number. For the re-hydrogenation process, the hydrogen storage capacity increases 

from 3.58 wt.% (the 1st re-hydrogenation) to 3.67 wt.% after 5 cycles. The time to reach 95% 

of the yield for the 1st re-hydrogenation is 72 min, and after 5 cycles, this time is 82 min. 

From these observations, it can be concluded that both the reaction kinetics of the 

dehydrogenation and re-hydrogenation processes are slightly reduced over cycling.  
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Fig. 3.7. Cycling kinetic curves for dehydrogenation and re-hydrogenation of less pure NaAlH4.  

Fig. 3.8 shows the in-situ SR-PXD patterns of the 1st re-hydrogenation process for the 

fully decomposed less pure NaAlH4. As can be seen, the phases present in the material at RT 

are NaH, Al, and Si. Upon heating, the material starts to absorb hydrogen to form Na3AlH6 at 

120 ̄ C. When the temperature reaches 180 C̄, NaAlH4 starts to be formed. Unfortunately, 

due to time limitations, the complete conversion of the starting material into NaAlH4 could 

not be monitored. For comparison, the ex-situ XRD results of the samples as-milled and after 

the 5th re-hydrogenation cycle are shown in Fig. S2. For the as-milled sample, the data 

presents the reflections of starting phases, i.e., NaAlH4, Al, and Si. After 5 hydrogenation-

dehydrogenation, the sample contains mostly NaH and metallic Al, confirming the complete 

dehydrogenation of the less pure NaAlH4. When the material is further re-hydrogenated, the 

presence of NaAlH4 (mostly), Na3AlH6, metallic Al, and Si, is noticed in the ex-situ 

diffraction pattern. 
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Fig. 3.8. The SR-PXD patterns (ɚ =0.20734 Å) of the fully dehydrogenated less pure NaAlH4 during 

in-situ re-hydrogenation process, the pressure is 120 bar of H2, and the temperature was increased 

from RT to 180 ̄C (heating rate of 10 ̄C·min-1) and then kept at 180 ̄C for 1 h. 

The morphology of the less pure NaAlH4 after ball milling and after cycling was also 

characterized. SEM images at different scales (50 mm and 5 mm) for the less pure NaAlH4 

after ball milling and after cycling were acquired (Fig. 3.9). As can be seen, in comparison to 

the ball-milled sample (Fig. 3.9(a) and (b)), the particles of the cycled material are finer and 

aggregation of the particles can be observed (see Fig. 3.9(c) and (d)). The cycled powders 

show a mesh-like structure. This peculiar morphology might arise from the sintering of the 

powder particles during cycling to form a porous monolith of NaAlH4, similarly to the 

NaAlH4 morphology reported in the literature for cycled materials[162,163]. 
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Fig. 3.9. SEM images at different scales: (a) and (b) of as-milled less pure NaAlH4; (c) and (d) of 

cycled less pure NaAlH4. The SEM measurements were performed by Prof. Chiara Milaneseôs group 

at University of Pavia, Italy. 

The rate-limiting step that controls the overall reaction kinetics of the hydrogenation of 

the lee pure NaAlH4 was evaluated by the kinetic modeling method, in which the kinetic 

curve of the 2nd re-hydrogenation was fitted with different solid-gas reactions models[130,131], 

as shown in Table 2.7. The fitting procedure is based on Sharpôs and Joneôs method[128,129], in 

which it is assumed that the best-fitted model should provide a linear fitting with the 

correlation coefficient  R2 close to 1, an intercept ~ 0, and a slope that is near to 1. 

In this work, the hydrogenation kinetic curve of the 2nd cycle at 180 ̄C and 150 bar H2 

was fitted with different reaction kinetic equations (Table 2.7). If a good fit of the 

experimental data in respect to a specific kinetic equation can be obtained, then the rate-

limiting step of the kinetics can be identified. Besides, to avoid the uncertainties at the 

beginning and the saturation stage, the reaction fraction (Ŭ) is considered between 0.15 and 

0.85 for the fitting. Fig. 3.10(a) and (b) show the hydrogenation kinetic curve and its 

respective model fittings for the less pure NaAlH4. As seen in Fig. 3.10(b), the hydrogenation 

behaviour of the less pure NaAlH4 is best described by three-dimensional diffusion (D3 

Jander equation) with the highest correlation coefficient R2 of 0.999, the slope of 1.07, and 

the intercept of -0.05. This indicates that the rate-limiting step of the hydrogenation of the 

less pure NaAlH4 is three-dimensional diffusion-controlled, in which the constituents in the 

system from the interfaces have the smallest reaction rate, whereas the reaction fraction has a 

parabolic relationship with the thickness of the reaction zone[131]. 



 

 

37 

 

 

Fig. 3.10. The 2nd re-hydrogenation of the less pure NaAlH4: (a) kinetic curves and (b) the 

corresponding kinetic modeling of the less pure NaAlH4. 
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3.2. FeTi alloys 

Intermetallic alloys such as FeTi have attracted ever-growing attention as a safe and efficient 

hydrogen storage medium. However, the utilization of high-purity metals for the synthesis of 

such materials poses considerable concerns over the environmental sustainability of their 

large-scale production. In this part, an approach for synthesising FeTi from industrial scraps 

of iron (steels C45 and 316 L) and titanium (Ti alloy Grade 2) to reduce the carbon footprint 

associated with FeTi alloy synthesis, without compromising their hydrogen storage properties 

were reported. At 50 ÁC and a pressure of 0 to 100 bar, the alloys obtained by using C45-Ti 

Grade 2 and 316L-Ti Grade 2 can absorb a maximum amount of hydrogen of 1.61 wt.% and 

1.50 wt.%, respectively. Moreover, depending on the type of steel utilized, the 

thermodynamic properties can be modified. These findings pave a pathway for developing 

high-performance, environmentally-sustainable FeTi alloys for hydrogen storage purposes 

using industrial metal wastes. 

3.2.1. Phase compositions 

The pure FeTi, C45-Gr2 FeTi, and 316L-Gr2 FeTi ingots with a dimension of F3 mm ³ 30 

mm were prepared by arc melting and subsequent suction casting. The compositions of the 

utilized steels and Ti alloy are summarized in Table 2.4-2.6. The C45 steel contains around 

0.42 to 0.50 wt.% of C, 0.5 to 0.8 wt.% of Mn, a maximum of 0.63 wt.% of Ni+Cr+Mo, and a 

maximum of 0.4 wt.% of Si. The 316L steel contains 10 to 14 wt.% of Ni, 16 to 18 wt.% of 

Cr, 2 to 3 wt.% of Mo, a maximum of 0.75 wt.% of Si, and maximum 2 wt.% of Mn. The 

3.7035 Titanium Grade 2 contains maximum 0.3 wt.% of Fe, maximum 0.08 wt.% of C, and 

maximum 0.25 wt.% of O. HEXRD and SEM techniques were used to characterize the 

microstructures of the bulk pure FeTi, C45-Gr2 FeTi, and 316L-Gr2 FeTi alloys after casting, 

as shown in Fig. 3.11.  



 

 

39 

 

 

Fig. 3.11. (a)-(c) HEXRD (ɚ = 0.124 ¡) patterns and corresponding SEM images of pure FeTi; (d)-(f) 

HEXRD (ɚ = 0.124 ¡) patterns and corresponding SEM images of C45-Gr2 FeTi; (g)-(i) HEXRD (ɚ 

= 0.124 Å) patterns and corresponding SEM images of 316L-Gr2 FeTi, respectively. The SEM 

measurements were performed by Prof. Florian Pyczakôs group at Helmholtz-Zentrum Hereon, 

Germany. 

According to the Rietveld refinement analysis in Fig. 3.12, the main phase in pure FeTi 

is FeTi (98.6 ± 0.4 %) with a lattice constant of a = 2.9788 ± 0.0004 Å, and around 1.4 ± 0.1 % 

of FeTi2 phase (a = 11.3067 ± 0.0035 Å) can also be detected.  

 

Fig. 3.12. Rietveld refinement results of as-cast pure FeTi alloy by Maud (ɚ = 0.124 Å). 
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The SEM images in Fig. 3.11(b)-(c) and EDX results in Fig. 3.13 confirm the presence 

of the FeTi and FeTi2 phases.  

 

Fig. 3.13. SEM images of as-cast pure FeTi alloy. (a) SEM image. (b) EDX line profiles of the region 

selected in (a). (c) Corresponding EDX mapping of Fe element. (d) Corresponding EDX mapping of 

Ti element. The SEM measurements were performed by Prof. Florian Pyczakôs group at Helmholtz-

Zentrum Hereon, Germany. 

Interestingly, for the C45-Gr2 FeTi alloy (Fig. 3.11(d) and Fig. 3.14), except for 96.0 ± 

0.4 % of the main FeTi phase (a = 2.9778 ± 0.0002 Å), 2.8 ± 0.1 % of Fe2Ti precipitates can 

be found near the grain boundaries, and 1.2 ± 0.1 % of TiC can be detected, which has a 

smaller size than the Fe2Ti precipitates, as proved by the SEM images in Fig. 3.11(e)-(f).  
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Fig. 3.14. Rietveld refinement results of as-cast C45-Gr2 FeTi alloy by Maud (ɚ = 0.124 Å). 

It is clear that the grain size of the C45-Gr2 FeTi is much smaller than that of the pure 

FeTi, as can be seen in Fig. 3.15.  

 

Fig. 3.15. SEM and EBSD images of as-cast C45-Gr2 FeTi alloy. (a) SEM image. (b) Corresponding 

EDX mapping of Ti element. (c) Corresponding EDX mapping of Fe element. (d) and (e) EBSD 

mappings of the alloy. The SEM measurements were performed by Prof. Florian Pyczakôs group at 

Helmholtz-Zentrum Hereon, Germany. 

For the 316L-Gr2 FeTi (Fig. 3.11(g)), the Rietveld refinement results (Fig. 3.16) show 

that the main phase is still FeTi (49.3 ± 0.3 %), however, the lattice constant increased to a = 

3.1057 ± 0.0004 Å, which indicates that the Cr, Ni, and other elements in 316L-Gr2 steel 

may have substituted the Fe in the FeTi alloy thus resulting in a variation in the lattice 

constant.  
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Fig. 3.16. Rietveld refinement results of as-cast 316L-Gr2 FeTi alloy by Maud (ɚ = 0.124 Å). 

SEM images in Fig. 3.11(h)-(i) and EDX analysis in Fig. 3.17 reveal that the elemental 

composition of the FeTi matrix in 316L-Gr2 alloy is around 35 at.% of Fe, 10 at.% of Cr, 5 

at.% of Ni, and 50 at.% of Ti, whereas the Fe may be substituted by Cr and Ni and can be 

written as (Fe0.7Cr0.2Ni0.1)Ti. The Rietveld refinement analysis in Fig. 3.16 shows that the 

remaining phases are 31.3 ± 0.4 % of CrFeTi and 19.4 ± 0.8 % of Fe0.2Ti0.8, while the EDX 

results (Fig. 3.17(b)) suggest that the elemental compositions of the CrFeTi phase are around 

20 at.% of Cr, 40 at.% of Fe, and 40 at.% of Ti, which can be written as Cr0.2Fe0.4Ti0.4. In 

addition, the elemental composition of the Fe0.2Ti0.8 phase is about 20 at.% of Fe, 8 at.% of 

Cr, 8 at.% of Ni, and 64 at.% of Ti, indicating that the exact composition could be 

Fe0.2Cr0.08Ni0.08Ti0.64. 
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Fig. 3.17. SEM images of as-cast 316L-Gr2 FeTi alloy. (a) SEM image and corresponding EDX 

mapping of different elements. (b) EDX line profiles and distribution of different elements. The SEM 

measurements were performed by Prof. Florian Pyczakôs group at Helmholtz-Zentrum Hereon, 

Germany. 

Fig. 3.18(a) shows the TEM results of the pure FeTi alloy. The SAED patterns show that 

area 1 and area 2 in the bright field image correspond to FeTi and FeTi2 phases, respectively. 

The quantitative EDX line profiles in Fig. 3.18(b) demonstrate the existence of FeTi and 

FeTi2 phases, which are also in good agreement with the HEXRD result (Fig. 3.11(a)) and 

SEM-EDX results (Fig. 3.13). For the C45-Gr2 FeTi, as can be seen in Fig. 3.18(c)-(d), area 

1, area 2, and area 3 correspond to FeTi, TiC, and Fe2Ti phases, respectively, which is also 

confirmed by the EDX line-scan analysis in Fig. 3.18(e)-(f). These results are also consistent 

with the SEM-EDX data (see Fig. 3.15). The TEM results in Fig. 3.18(g) for 316L-Gr2 FeTi 

show that the matrix (area 1) of the alloy is FeTi, but around 15 at.% of Fe is substituted by 

Ni and Cr, as can be seen in the EDX results (Fig. 3.18(h)). The SAED pattern shows that 

area 2 in the bight field image is likely to be Fe0.2Ti0.8, which is confirmed both by the TEM-

EDX results (Fig. 3.18(h)) and by the SEM-EDX results (Fig. 17). Note that although the 

EDX data from SEM may slightly differ from those from TEM, indicating that the elemental 
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distribution fluctuates for this phase, the SAED results and HEXRD analysis confirm the 

existence of Fe0.2Ti0.8 phase. Although the O content in the Ti alloy scraps is around 0.25 wt.% 

and additional oxygen was certainly present at the surface of the starting material, in the 

synthesised alloys, no oxide species were detected via HEXRD, SEM, and TEM techniques. 

A possible explanation might involve the release of molecular oxygen during the arc melting 

process, oxygen that then forms a nanometric oxide layer on the upper surface of the ingots. 

This hypothesis is supported by the fact that the obtained material must be activated before it 

can begin to absorb hydrogen.  

 

Fig. 3.18. (a) Bright field image and corresponding SAED images and (b) line EDX results of pure 

FeTi. (c)-(d) Bright field image and corresponding SAED images and (e)-(f) line EDX results of C45-
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Gr2 FeTi. (g) Bright field image and corresponding SAED images and (h) line EDX results of 316L-

Gr2 FeTi. The TEM measurements were performed by Dr. Shaofei Liu at City University of Hong 

Kong, China. 

 

 

 

 

Table 3.1 Phase constitutions of pure FeTi, C45-Gr2 FeTi, and 316L-Gr2 FeTi alloys. 

 

The phase compositions for the three alloys in this work are summarized in Table 3.1. 

Alloy  Phase 
Crystal 

structure 

Percentage 

(wt.%) 

Lattice constant 

( Å ) 

EDX analysis 

(atomic ratio) 

Pure FeTi FeTi Cubic, Pm-

3m 

98.6 ± 0.4 a = 2.9788 ± 

0.0004  

Fe : Ti = 1 : 1 

FeTi2 Cubic, Fd-3m 1.4 ± 0.1 a = 11.3067 ± 

0.0035 

Fe : Ti = 1 : 2 

C45-Gr2 

FeTi 

FeTi Cubic, Pm-

3m 

96.0 ± 0.4 a = 2.9778 ± 

0.0002 

Fe : Ti = 1 : 1 

Fe2Ti Hexagonal, 

P63/mmc 

2.8 ± 0.1 a = 4.8463 ± 

0.0001 

c = 7.8710 ± 

0.0005 

Fe : Ti = 2 : 1 

TiC Cubic, Fm-

3m 

1.2 ± 0.1 a = 4.2847 ± 

0.0003 

Ti : C = 1 : 1 

316L-Gr2 

FeTi 

FeTi Cubic, Pm-

3m 

49.3 ± 0.3 a = 3.1057 ± 

0.0004 

Fe : Cr : Ni : Ti 

= 7 : 2 : 1 : 10 

CrFeTi   

Hexagonal, 

P63/mmc 

31.3 ± 0.4 a = 5.0476 ± 

0.0001 

c = 8.2099 ± 

0.0001 

Fe : Cr : Ti  

= 2 : 1: 2 

Fe0.2Ti0.8 Cubic, Im-

3m 

19.4 ± 0.8 a = 3.1013 ± 

0.0001 

Fe : Cr : Ni : Ti 

= 5 : 2 : 2 : 16 
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FeTi and Fe2Ti are stable equilibrium phases. In the literature, it is reported that Fe2Ti is 

likely to form when C or B are added to the FeTi system[164], and this well agrees with our 

finding on the C45-Gr2 FeTi alloy. The metastable phase FeTi2 can only be formed at 

temperatures higher than 1000 °C, as at lower temperatures FeTi2 decomposes into FeTi and 

Ti [63]. Thus, the existence of the FeTi2 phase at ambient temperature in the pure FeTi is most 

likely the result of the fast cooling of the melt after the arc melting procedure.  As Patel et al. 

reported, the addition of Zr or Mn can also induce the formation of the FeTi2 phase[165]. The 

formation of the Fe0.2Ti0.8 phase occurs when the starting material is  40 at.% of Fe and 60 at.% 

of Ti[166], which is also similar to the case of 316L-Gr2 FeTi. Therefore, the hypothesis that 

the Fe2Ti might be formed when some interstitial elements are added into the system, 

whereas the interstitial elements might form some Ti-based compounds with Ti, and then the 

rest of Ti might form Fe2Ti phase with Fe can be proposed. Similarly, when adding 

substitutional elements into the system, the formation of a metastable FeTi2 phase could be 

induced. In addition, by adding excess Ti into the system e.g., the atomic ratio between Ti 

and Fe is greater than 1, the Fe0.2Ti0.8 phase could generate. 

3.2.2. Volumetric analyses 

To check the hydrogen storage properties of the prepared alloys, the ingots were hand 

crushed into powders and sieved through a 125 ɛm sieve. The hydrogen storage 

thermodynamic properties of the three alloys after activation are shown in Fig. 3.19. As can 

be seen in the pressure-composition isotherm (PCI) curves in Fig. 3.19(a), the total hydrogen 

storage capacity of pure FeTi ranges from 1.64 wt.% at 40 C̄ to 1.71 wt.% of H2 at 70 ̄ C 

(100 bar of H2). While the values for C45-Gr2 FeTi range from 1.62 wt.% at 40 C̄ to 1.58 

wt.% at 70 ̄C under the same condition (Fig. 3.19(d)). For the 316L-Gr2 FeTi, the hydrogen 

storage capacity is in the range of 1.52 wt.% at 70 C̄ to 1.70 wt.% at 150 ̄C under 100 bar of 

H2 (Fig. 3.19(g)). The results indicate that by replacing high-purity raw materials with steel 

and Ti alloy scraps, the maximum storage capacities of the synthesised FeTi are only slightly 

decreased. As shown in Fig. 3.19(e), the hydrogenation ȹHabs and ȹSabs of C45-Gr2 FeTi 

were calculated to be -23.9 ± 0.1 kJ·mol-1 H2 and -98.6 ± 0.4 J·K-1·mol-1 H2, respectively, 

while the dehydrogenation ȹHdes and ȹSdes are 26.9 ± 0.4 kJ·mol-1 H2 and 102.5 ± 1.2 J·K-

1·mol-1 H2, respectively. These values (absolute) are slightly lower than the values for pure 

FeTi (ȹHabs = -24.6 ± 0.3 kJ·mol-1 H2 and ȹSabs = -100.8 ± 1.0 J·K-1·mol-1 H2, ȹHdes = 27.4 ± 

0.4 kJ·mol-1 H2 and ȹSdes = 104.2 ± 1.3 J·K-1·mol-1 H2) in Fig. 3.19(b), indicating that the 
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hydrogenated C45-Gr2 FeTi is thermodynamically less stable than the pure FeTi. Besides this 

first plateau, there is a second plateau present in both the pure and C45-Gr2 FeTi alloys. As 

reported in the literature[72,77], the first plateau is related to the coexistence of Ŭ-phase and ɓ-

phase, of which the Ŭ-phase is a solid solution of hydrogen in FeTi, and the ɓ-phase is a 

monohydride phase. The second plateau corresponds to the coexistence of ɓ-phase and ɔ-

phase, whereas the ɔ-phase is a dihydride phase. It is clearly shown that the carbon in the C45 

steel does not significantly influence the coexistence of the ɓ-phase and ɔ-phase. Distinctly, 

as can be seen in Fig. 3.19(g), the plateau pressure for the 316L-Gr2 FeTi is significantly 

decreased and the second plateau vanishes for 316L-Gr2 FeTi alloy. The ȹH and ȹS values 

were calculated to be ȹHabs = -35.0 ± 0.7 kJ·mol-1 H2 and ȹSabs = -93.6 ± 0.2 J·K-1·mol-1 H2, 

ȹHdes = 34.4 ± 2.5 kJ·mol-1 H2 and ȹSdes = 92.6 ± 0.7 J·K-1·mol-1 H2, respectively (Fig. 

3.19(h)). This reveals that the hydrogenated 316L-Gr2 FeTi is thermodynamically more 

stable than the pure FeTi and the coexistence of ɓ-phase and ɔ-phase can not be observed.  
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Fig. 3.19. (a) PCI curves (at 40 ̄C, 50 C, 60 ̄ C, and 70 ̄ C); (b) vanôt Hoff plots of 

hydrogenation/dehydrogenation; and (c) P-T diagram of pure FeTi. (d) PCI curves (at 40 C̄, 50 C, 60 

C̄, and 70 ̄C); (e) vanôt Hoff plots of hydrogenation/dehydrogenation; and (f) P-T diagram of C45-

Gr2 FeTi. (g) PCI curves (at 50 ̄C, 70 C, 100 ̄ C, and 150 ̄ C); (h) vanôt Hoff plots of 

hydrogenation/dehydrogenation; and (i) P-T diagram of 316L-Gr2 FeTi alloys. 

The ȹH and ȹS values for hydrogenation/dehydrogenation of all three alloys are 

summarized in Table 3.2. The hysteresis phenomenon referring to the absorption plateau is 

higher than the desorption plateau, which is normally not desired for practical applications. 

By replacing pure Fe and Ti with C45 and Gr2 Ti, the hysteresis does not have a significant 

change, as shown in the pressure-temperature (P-T) phase diagram (Fig. 3.19(c) and (f)), 
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reflecting the gap between absorption and desorption does not change significantly. 

Surprisingly, there is no hysteresis for the 316L-Gr2 FeTi, evidenced by the overlapped 

absorption and desorption curves in Fig. 3.19(i). 

Table 3.2 Thermodynamic properties of pure FeTi, C45-Gr2 FeTi, and 316L-Gr2 FeTi alloys. 

 

3.2.3. Dehydrogenation behaviour 

To investigate the influence of the material composition on the hydrogen storage process, in-

situ SR-PXD measurements were carried out on the three alloys. The lattice constant of the 

matrix for each FeTi alloy was calculated by plotting the lattice constant calculated by each 

peak versus [167], of which q is the Bragg angle. By extrapolating the graph to 

q  = 90 °, the lattice constant can be obtained. The lattice constant was calibrated by substrate 

the effect of temperature on the lattice constant of each sample. The lattice strain (Ůhkl) of 

each (hkl) plane was determined from the shift of peak position of (hkl) reflection by the 

following equation: 

‐                                                              (3.1) 

where dhkl is the d-spacing value at the given temperature, and Ὠ  is the d-spacing value at 

50 ̄ C. 

As can be seen in Fig. 3.20(a), 1.25 wt.% of H2 can be desorbed under 40 bar H2 

pressure when the pure FeTi is heated from 50 C̄ to 350 ̄C. The calculated lattice constant 

(Fig. 3.20(b)) follows the trend of hydrogen content in pure FeTi, indicating that hydrogen 

slightly induces lattice expansion for the pure FeTi, whereas the effect of hydrogen on the 

lattice constant is around 1.74³10-3 Å·wt.%-1 of H2. While by giving a focus on the lattice 

strain for different planes in Fig. 3.20(c), the conclusion that the lattice strain change is not 

dependent on the grain orientations can be obtained, since no big differences in lattice strain 

Alloy 
Absorption ȹH 

(kJ·mol-1 H2) 

Absorption ȹS 

(J·K-1·mol-1 H2) 

Desorption ȹH 

(kJ·mol-1 H2) 

Desorption ȹS 

(J·K-1·mol-1 H2) 

Pure FeTi -24.6 ± 0.3 -100.8 ± 1.0 27.4 ± 0.4 104.2 ± 1.3 

C45-Gr2 

FeTi 
-23.9 ± 0.1 -98.6 ± 0.4 26.9 ± 0.4 102.5 ± 1.2 

316L-Gr2 

FeTi 
-35.0 ± 0.7 -93.6 ± 0.2 34.4 ± 2.5 92.6 ± 0.7 
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can be found among different planes. In Fig. 3.20(d), the (121) plane exhibits the largest 

change of full width at half maximum (FWHM), while the (200) plane has the smallest 

change, indicating the density of defects or internal stress is changed anisotropically. 

Similarly, as shown in Fig. 3.20(e) and (f), for the C45-Gr2 FeTi, around 1.36 wt.% of H2 can 

be released, and the lattice constant decreases during the dehydrogenation process. However, 

when the temperature reaches 250 C̄, the hydrogen content does not change anymore, but 

the lattice constant still changes. The calculated hydrogen effect on the lattice constant is 

1.43³10-3 Å·wt.%-1 of H2. The lattice strain change (Fig. 3.20(g)) for different planes also has 

the same trend as the hydrogen content change, and no significant difference can be found 

among various planes. For the FWHM shown in Fig. 3.20(h), the (121) and (220) planes 

show the largest change, and the (101) plane exhibits the smallest change. In Fig. 3.20(i), it is 

shown that the total dehydrogenation capacity of 316L-Gr2 FeTi alloy is 0.98 wt.% of H2, 

and upon hydrogenation the lattice constant (Fig. 3.20(j)) changes continuously, leading to 

lattice variation of 2.89³10-3 Å·wt.%-1 of H2. Similar to the pure and C45-Gr2 FeTi alloys, 

the lattice strain of all planes for 316L-Gr2 FeTi has a similar trend, as exhibited in Fig. 

3.20(k). In contrast, the FWHM of 316L-Gr2 FeTi (Fig. 3.20(l)) increases with the decrease 

of hydrogen content, indicating the defects and internal stress in this alloy show the opposite 

behaviour compared to the pure and C45-Gr2 FeTi alloys. The (310) plane has the largest 

change of FWHM, and the (101) has the smallest change. The results indicate that during the 

dehydrogenation process, an elastic anisotropic behaviour is not clearly seen, but the density 

of defects and internal stress anisotropy is significant. 
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Fig. 3.20. Dehydrogenation behaviour and corresponding in-situ SR-PXD (ɚ = 0.20734 ¡) results of 

pure FeTi, C45-Gr2 FeTi, and 316L-Gr2 FeTi alloys. Backpressure for pure FeTi and C45-Gr2 FeTi 

is 40 bar, and for 316L-Gr2 FeTi is 10 bar. (a) Volumetric hydrogen capacity; and corresponding (b) 

lattice constant, (c) lattice strain, and (d) FWHM changes during in-situ SR-PXD measurements for 

the pure FeTi powders. (e) Volumetric hydrogen capacity; and corresponding (f) lattice constant, (g) 

lattice strain, and (h) FWHM changes during in-situ SR-PXD measurements for the C45-Gr2 FeTi 

powders. (i) Volumetric hydrogen capacity; and corresponding (j) lattice constant, (k) lattice strain, 

and (l) FWHM changes during in-situ SR-PXD measurements for the 316L-Gr2 powders. 

3.2.4. Hydrogenation kinetics and modeling 

To understand the effects of phase composition on the hydrogen storage properties, the 

kinetic performances of the three alloys were measured, as shown in Fig. 3.21(a). The results 

show that at 40 ̄C and under 65 bar of H2 pressure, 1.33 wt.% of H2 can be absorbed by the 

pure FeTi in 10 min, whereas 1.25 wt.% of H2 can be absorbed by C45-Gr2 and 316L-Gr2 

FeTi alloys under the same conditions. Note that the measurements of the kinetics data are 
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sample-dependent (particle size, number of cycles) and are strongly influenced by the heat 

management/temperature control to achieve stabilization of the temperature conditions. 

Kinetic modeling was used to determine the rate-limiting step during the hydrogenation 

process of the investigated alloys[131]. The portion of the dehydrogenation curve used for this 

investigation is the one that included between 0.20 and 0.70 of the overall hydrogen storage 

capacity. As can be seen from Fig. 3.21(b) and Table S1-3, the matched kinetic models for 

pure, C45-Gr2, and 316L-Gr2 FeTi alloys are F1, R3, and F2, respectively. The F1 model 

indicates that the rate-limiting step for pure FeTi is one-dimensional growth-controlled. This 

model is called Johnson-Mehl-Avrami (JMA) model and it has a dimensional factor n = 1, as 

can be seen in Eq. (3.2)[168]: 

ÌÎρ ‌ Ⱦ Ὧὸ                                                      (3.2) 

where Ŭ is the reaction fraction, t is time, and k is a rate constant. By fitting with the 

experimental data, the obtained k value is 0.0515 s-1. This means that the rate-limiting step 

could be grain boundary nucleation of the hydride phase after saturation, or the growth of 

needle and plate shaped hydride phase, or the thinking of long cylinder/needle shaped hydride 

phase. However, further research is still required to determine precisely what is the 

mechanism of the aforementioned processes[168].  

 

Fig. 3.21. Hydrogenation kinetic behaviour at 40 ̄ C and under 65 bar of H2 pressure of pure FeTi, 

C45-Gr2 FeTi, and 316L-Gr2 FeTi alloys. (a) Volumetric hydrogen capacities for hydrogenation and 

(b) corresponding kinetic modeling results of pure FeTi, C45 FeTi, and 316L FeTi alloys. 

As for the C45-Gr2 FeTi, the R3 model shows that the rate-limiting step is the three-

dimensional growth of the hydride phase, in which the phases like FeTi, Fe2Ti, or TiC could 
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act as barriers to the growth of the new phase. The contracting sphere/cube model can be 

described as following[131]: 

ρ ρ ‌ Ὧὸ                                                       (3.3) 

of which the calculated k for the R3 model is 0.0127 s-1. This means that the nucleation of the 

new phase occurs rapidly on the surface, and the reaction is controlled by the movement of 

the interface. 

Regarding the 316L-Gr2 FeTi, the fitted kinetic model is F2, which means that the 

reaction rate is controlled by the two-dimensional growth of the hydride phase. The F2 model 

corresponds to the JMA model with a dimensional factor of n = 2, as can be seen in Eq. (3.2). 

The calculated k is 0.0742 s-1. With n = 2, the rate-limiting step of the reaction can be 

attributed to one of the following processes: grain edge nucleation; and all shapes growing 

from dimensions with a decreasing nucleation rate[168]. Similar to the case of pure FeTi, 

further investigations such as in-situ TEM measurements are needed to really determine the 

rate-limiting step. Nevertheless, The FeTi, CrFeTi (elemental composition of Cr0.2Fe0.4Ti0.4), 

and Fe0.2Ti0.8 (elemental composition of Fe0.2Cr0.08Ni0.08Ti0.64) phases could restrict the grain 

edge nucleation or growth of the hydride phase. 
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3.3. CCAs 

In the burgeoning field of hydrogen energy, compositionally complex alloys promise 

unprecedented solid-state hydrogen storage applications. However, compositionally complex 

alloys are facing one main challenge: reducing alloy density and increasing hydrogen storage 

capacity. Here, TiMgLi-based compositionally complex alloys with ultralow alloy density 

and significant RT hydrogen storage capacity were investigated. The record-low alloy density 

(2.83 g·cm-3) is made possible by multi-principal-lightweight element alloying. Introducing 

multiple phases instead of a single phase facilitates obtaining a large hydrogen storage 

capacity (2.62 wt.% at 50 °C under 100 bar of H2). The kinetic modeling results indicate that 

three-dimensional diffusion governs the hydrogenation reaction of the current 

compositionally complex alloys at 50 °C. The here proposed approach broadens the horizon 

for designing lightweight compositionally complex alloys for hydrogen storage purposes. 

3.3.1. Alloy design 

Ti, Mg, and Li, being the most well-known lightweight metals, have high affinities for 

hydrogen and thus are widely used for hydrogen storage materials[37]. These elements are 

employed in this scenario to guarantee CCAsô low alloy density. V is selected since it has 

faster hydrogenation kinetics and can absorb hydrogen under moderate conditions[169]. Fe was 

chosen owing to its fast dehydrogenation kinetics and high abundance[170]. In addition, multi-

phase microstructures bring more high-density interfaces, thereby enhancing hydrogen 

absorption and facilitating its storage[171-173]. The terms of atomic mismatch (ŭ), and enthalpy 

of mixing (ȹHmix) as well as its related regular solution interaction parameter (ɋ) can affect 

the phase formation and thus hydrogen storage properties[174,175]. According to the criterion 

proposed by Zhang et al., the calculated values of ɋ for equimolar TiVFeMgLi, TiVFeMg, 

and TiVMgLi CCAs are no greater than 1, and the corresponding values of the atomic 

mismatch (ŭ) are greater than 6.6% (see Table 3.3), indicating that the designed alloys tend to 

form multiple phases[176,177]. Therefore, the here developed CCAs are expected to have not 

only a low density but also a high hydrogen storage capacity. 
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Table 3.3 The calculated atomic mismatch (ŭ), and enthalpy of mixing (ȹHmix) as well as its related 

regular solution interaction parameter (ɋ) for the equimolar TiVFeMgLi, TiVFeMg, and TiVMgLi 

CCAs. 

Alloy ŭ (%) ȹHmix (kJ mol-1) ɋ 

TiVFeMgLi 8.53 20.48 0.19 

TiVFeMg 9.10 4.96 1.00 

TiVMgLi  7.26 17.28 0.23 

 

The calculations are based on the following equations[176-181]:  

‏ Вὧ ρ
В

                                                   (3.4) 

ЎὌ В τὌ ὧὧ                                                    (3.5) 

 
В В

ȿЎ ȿ
                                                  (3.6) 

where i represents the i th element, j represents the j th element, c is the molar fraction, r is the 

atomic radius, ɢ is the electronegativity, Hij is the mixing enthalpy of the i th and j th elements 

in regular binary solutions, Tm is the melting temperature, and R is the gas constant.   

3.3.1. Phase stability calculations 

To determine the possible phase constitutions of the current CCAs, the Calphad method was 

employed to predict the phase evolution upon equilibrium solidification using an in-house 

developed database. Fig. 3.22(a) shows the equilibrium fraction of phases over temperature 

for TiVFeMgLi CCA. The calculated phases in equilibrium at 1000 K are C14 Laves and 

liquid. With a decrease in temperature, at 824 K, the liquid phase starts solidifying into a 

FeTi-rich ordered body-centered cubic phase (B2). At 798 K the liquid is no longer stable and 

the C14 Laves phase starts transforming into a body-centered cubic phase (bcc-1). The bcc-1 

phase is calculated to be V-rich and at 632 K, the C14 Laves phase quickly decomposes into 

the bcc-1 and another MgLi-rich bcc phase (bcc-2). Finally, at 300 K, the equilibrium 

fractions of B2, bcc-1 and bcc-2 phases in TiVFeMgLi alloy are 40%, 40% and 20%, 

respectively (Fig. 3.22(d)). Fig. 3.22(b) illustrates the evolution of equilibrium phase fraction 

over temperature for the TiVFeMg variant. At 1000 K, this alloy is mainly composed of C14 

Laves and liquid phases. As the temperature diminishes, the Mg-rich hexagonal close-packed 

(hcp) phase solidifies (at 923 K) and a V-rich bcc phase starts forming from the C14 Laves 

phase (at 798 K). A FeTi-rich B2 phase then begins to form at 632 K. The phases at 
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equilibrium of the TiVFeMg CCA at 300 K consist of 50% bcc, 25% B2, and 25% hcp, see 

Fig. 3.22(d).  

 

Fig. 3.22. (a) Calculated equilibrium phases over temperature for TiVFeMgLi CCA. (b) Calculated 

equilibrium phases over temperature for TiVFeMg CCA. (c) Calculated equilibrium phases over 

temperature for TiVMgLi CCA. (d) The phase fraction of different phases at 300 K for TiVFeMgLi, 

TiVFeMg, and TiVMgLi CCAs. Note that the designation of C14, B2, bcc, and hcp only represent the 

phase structure, but the compositions of these phases are different from alloy to alloy. The 

calculations were performed by Ebert Alvares at Helmholtz-Zentrum Hereon, Germany. 

Fig. 3.22(c) showcases the phase evolution of TiVMgLi CCA during the cooling process. 

At 1000 K, the alloy contains 50% liquid phase and 50% bcc (bcc-1) phase. The formation of 

a second bcc (bcc-2) phase happens at 824 K. The hcp phase emerges after the temperature 

decreases to 732 K. At 300 K, the equilibrium phase constitution of the TiVMgLi alloy is 50% 

bcc-2 phase, 26% bcc-1 phase and 24% hcp phase (Fig. 3.22(d)), which are V-rich, LiMg-

rich and Ti-rich, respectively. In summary, all the here designed CCAs favor the formation of 

multi-phase microstructures, which could enhance the hydrogen storage performance. Note 

that the actual composition of phases may differ from alloy to alloy, although being denoted 

with the same name in our analysis. 

3.3.2. Hydrogen storage properties 



 

 

57 

 

Fig. 3.23(a) shows the PCI curves of the synthesised CCA powders. At 50 °C under 100 bar 

of hydrogen pressure, the hydrogen storage capacities of TiVFeMgLi, TiVFeMg, and 

TiVMgLi alloys are 2.42, 1.90 and 2.62 wt.%, respectively. Interestingly, each alloy presents 

several plateaus (see Fig. 3.23(a) and the insert). There are four plateaus for TiVFeMgLi 

CCA. The first plateau falls in the range of 0 to 0.2 bar, the second plateau is in the range of 

0.2 to 8.0 bar, the third plateau locates between 8.0 to 19.7 bar, and the fourth plateau is 

situated in the pressure range of 19.7 to 46.0 bar. For TiVFeMg CCA, two plateaus appear, 

the first being at around 0.5 bar, and the second at 1.8 bar. For TiVMgLi, a clear plateau at ca. 

0.1 bar is visible, and a second one appears at 0.7 bar. For the CCAs reported here, most of 

the equilibrium pressures are lower than 2 bar. Moreover, the multi-stage plateaus appearing 

in the PCI curves indicate a multi-step hydrogenation process, which suggests the possibility 

of multiple phases in the CCAs. The plateaus observed in Fig. 3.23(a) are not flat, but sloping, 

which may be a consequence of large lattice distortion in the CCAs[27,182]. Fig. 3.23(b) shows 

the hydrogen storage capacities versus alloy density for the current and previously reported 

CCAs[85,86,174,183-211]. Among them, the present CCAs possess large hydrogen storage capacity 

and ultralow alloy density, especially the TiVMgLi CCA (alloy density = 2.83 g·cm-3). 

 

Fig. 3.23. (a) Hydrogenation PCI curves of TiVFeMgLi, TiVFeMg, and TiVMgLi CCAs at 50 °C. 

Inserted figure is the enlarged PCI curves of TiVFeMgLi, TiVFeMg, and TiVMgLi CCAs at 50 °C in 

low-pressure range. (b) Comparison of hydrogen storage capacity versus alloy density for the present 

work and some reported CCAs[85,86,174,183-211]. 

Fig. 3.24(a) shows the dehydrogenation PCI curves of TiVFeMgLi CCA at temperatures 

ranging from 375 °C to 450 °C. The equilibrium pressures at 375, 400, 425, and 450 °C are 

5.9, 10.6, 18.0, 28.0 and 44.5 bar, respectively. The corresponding calculated 

dehydrogenation enthalpy and entropy are ȹHdes = 73.8 ± 1.1 kJ·mol-1 H2 and ȹSdes = 133.6 ± 
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1.7 J·K-1·mol-1 H2, respectively (Fig. 3.24(b)). Fig. 3.24(c) demonstrates that for TiVFeMg 

alloy, the dehydrogenation equilibrium pressures at 375, 400, 425, and 450 °C are 9.3, 15.6, 

27.2, and 41.8 bar, respectively. And the resultant values of ȹHdes and ȹSdes are 78.8 ± 1.9 

kJ·mol-1 H2 and 140.1 ± 2.8 J·K-1·mol-1 H2, respectively (Fig. 3.24(d)). Then for the ultra-

lightweight TiVMgLi variant, the dehydrogenation equilibrium pressures at 375, 400, 425, 

and 450 °C are 9.7, 17.4, 28.2 and 44.6 bar, respectively (see Fig. 3.24(e)). Correspondingly, 

the calculated values of ȹHdes and ȹSdes are 78.9 ± 1.5 kJ·mol-1 H2 and 140.8 ± 2.1 J·K-1·mol-

1 H2, respectively (Fig. 3.24(f)). According to the above ȹHdes and ȹSdes values, the 

equilibrium temperatures of TiVFeMgLi, TiVFeMg and TiVMgLi CCAs under 1 bar are 

279 °C, 289 °C, and 287 °C, respectively, manifesting that the hydride phases are stable at 

ambient temperatures. Moreover, for the current ultra-lightweight CCAs, despite the 

appearance of several plateaus during the hydrogenation processes, only one distinct plateau 

is visible during dehydrogenation. This means that different phases dehydrogenate 

simultaneously in the measured temperature range. 
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Fig. 3.24. (a) Dehydrogenation PCI curves of TiVFeMgLi CCA at 375 °C, 400 °C, 425 °C and 

450 °C; (b) corresponding vanôt Hoff plot of TiVFeMgLi CCA. (c) Dehydrogenation PCI curves of 

TiVFeMg CCA at 375 °C, 400 °C, 425 °C and 450 °C; (d) corresponding vanôt Hoff plot of TiVFeMg 

CCA. (e) Dehydrogenation PCI curves of TiVMgLi CCA at 375 °C, 400 °C, 425 °C and 450 °C; (f) 

corresponding vanôt Hoff plot of TiVMgLi CCA. 

3.3.3. Microstructure characterization  

Fig. 3.25(a) illustrates the phase compositions of the dehydrogenated and hydrogenated 

TiVFeMgLi CCA. For the dehydrogenated alloy, the major phase (96.16 ± 0.95 wt.%) is a 

B2-structured phase with a lattice parameter of a = 2.9734 ± 0.0004 Å. Also, there exists a 

small amount of bcc-structured phase (1.38 ± 0.11 wt.%) with a lattice parameter of a = 

2.8623 ± 0.0009 Å and hcp-structured phase (2.46 ± 0.27 wt.%) with lattice parameters of a = 

3.2100 ± 0.0022 Å and c = 5.2382 ± 0.0077 Å. Fig. S3 demonstrates the Rietveld refinement 

details. To better understand the phase evolution of the three CCAs upon dehydrogenation, 

in-situ SR-PXD measurements were performed for the hydrogenated samples. The samples 

were heated from 30 ̄C to 350 ̄C with a heating rate of 5 ̄C·min-1 and then kept isothermal 

at 350 ̄C for 30 min under dynamic vacuum conditions (10-2 bar). Fig. 3.25(b) and (c) show 

that the phase transformation of TiVFeMgLi CCA occurs between 230 °C and 250 °C, 

indicating that the dehydrogenation starts in this temperature range. Then for the 

dehydrogenated TiVFeMg CCA, two types of bcc-structured phases, two types of hcp-

structured phases, and an amorphous phase form (Fig. 3.25(d)). The corresponding Rietveld 

refinement result (Fig. S4) shows that the alloy consists of an amorphous phase (81.57 ± 1.60 

wt.%), a bcc-1 phase (7.73 ± 0.12 wt.%) with a lattice parameter of a = 2.9698 ± 0.0002 Å, a 

bcc-2 phase (3.61 ± 0.10 wt.%) with a lattice parameter of a = 2.8724 ± 0.0005 Å, an hcp-1 

phase (6.65 ± 0.22 wt.%) with lattice parameters of a = 3.2111 ± 0.0005 Å and c = 5.2128 ± 

0.0013 Å, and an hcp-2 phase (0.44 ± 0.04 wt.%) with lattice parameters of a = 3.4187 ± 

0.0067 Å and c = 5.1263 ± 0.0181 Å. Fig. 3.25(e) and (f) indicate that dehydrogenation of the 

hydrogenated TiVFeMg CCA happens at 350 °C and continuously dehydrogenates during the 

isothermal stage. Fig. 3.25(g) presents the patterns of dehydrogenated and hydrogenated 

TiVMgLi CCA. Four phases exist in the dehydrogenated variant, including an amorphous 

phase, a bcc phase, an hcp phase, and a face-centered cubic (fcc) phase. The corresponding 

Rietveld refinement result (Fig. S5) displays that the amorphous phase has an amount of 

56.25 ± 1.09 wt.%. Moreover, a bcc phase (17.18 ± 0.34 wt.%) with a lattice parameter of a = 

3.0311 ± 0.0019 Å, an fcc phase (16.55 ± 0.30 wt.%) with a lattice parameter of a = 4.4114 ± 
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0.0027 Å, and an hcp phase (10.02 ± 0.17 wt.%) with lattice parameters of a = 3.2043 ± 

0.0019 Å and c = 5.2040 ± 0.0034 Å are present. Fig. 3.25(h) and (i) demonstrate that the 

dehydrogenation of the hydrogenated TiVMgLi alloy occurs in the temperature range of 

170 °C to 190 °C.  

 

Fig. 3.25. (a) Phase compositions of the dehydrogenated and hydrogenated TiVFeMgLi CCA; (b) 

corresponding 2D illustration of the in-situ dehydrogenation process of TiVFeMgLi CCA; (c) 

corresponding in-situ SR-PXD patterns of TiVFeMgLi CCA. (d) Phase compositions of the 

hydrogenated and dehydrogenated TiVFeMg CCA; (e) corresponding 2D illustration of the in-situ 

dehydrogenation process of TiVFeMg CCA; (f) corresponding in-situ SR-PXD patterns of TiVFeMg 

CCA. (g) Phase compositions of the hydrogenated and dehydrogenated TiVMgLi CCA; (h) 

corresponding 2D illustration of the in-situ dehydrogenation process of TiVMgLi CCA; (i) 

corresponding in-situ SR-PXD patterns of TiVMgLi CCA. The materials were heated from 30 C̄ to 

350 C̄ with a heating rate of 5 ̄C·min-1 and were kept isothermal at 350 C̄ for 30 min under 

dynamic vacuum conditions. 

TEM was utilized to investigate the microstructure of TiVFeMgLi, TiVFeMg, and 

TiVMgLi CCAs before and after dehydrogenation. Fig. 3.26(a) shows the TEM image and 
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the corresponding SAED pattern (see the insert) of dehydrogenated TiVFeMgLi alloy. The 

matrix consists of B2 phase, and no amorphous phase appears, which is in good agreement 

with the result shown in Fig. 3.25(a). Fig. 3.26(b) and (c) showcase the high-resolution TEM 

images of the hydrogenated TiVFeMgLi CCA. Different nanocrystallites are visible as shown 

in the dashed circle areas. For the dehydrogenated TiVFeMg variant, an amorphous phase 

and a bcc (bcc-1) phase exist in the matrix, see Fig. 3.26(d) and its inset. This result is in 

concordance with the phase constitution shown in Fig. 3.25(d). Fig. 3.26(e) and (f) illustrate 

the high-resolution TEM images of hydrogenated TiVFeMg alloy. The nanocrystalline phase 

highlighted by the dashed circle belongs to one of the hydrogenated phases, including bcc-1, 

bcc-2, and hcp phases, see Fig. 3.25(d). Fig. 3.26(g) reveals the presence of the amorphous 

phase and bcc phase in the dehydrogenated TiVMgLi alloy, which confirms the result in Fig. 

3.25(g). Fig. 3.26(h) and (i) exhibit the high-resolution TEM images of hydrogenated 

TiVMgLi variant, some nanocrystallites indicated by the dashed circles correspond to the 

hydrogenated bcc, fcc or hcp phases (see Fig. 3.25(g)). By combining the computational 

predictions and the experimental results, although the phase constitutions obtained by the two 

methods are different to a certain degree, the results document that a multi-phase 

microstructure facilitates the formation of multiple hydride phases. 
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Fig. 3.26. (a) TEM image of dehydrogenated TiVFeMgLi CCA, the inserted figure is the 

corresponding SAED pattern. (b) and (c), TEM images of hydrogenated TiVFeMgLi CCA. (d) TEM 

image of dehydrogenated TiVFeMg CCA, the inserted figure is the corresponding SAED pattern. (e) 

and (f), TEM images of hydrogenated TiVFeMg CCA. (g) TEM image of dehydrogenated TiVMgLi 

CCA, the inserted figure is the corresponding SAED pattern. (h) and (i), TEM images of 

hydrogenated TiVMgLi CCA. The TEM measurements were performed by Prof. Sebastiano Garroni 

at University of Sassari, Italy. 

3.3.4. Thermal properties and activation energy 

Aiming at better understanding the influence of the material composition on the Ea barrier 

associated with the hydrogen release, the dehydrogenation process of the hydrogenated CCAs 

was investigated via the DSC technique. Fig. 3.27(a) shows the DSC curves of the 

hydrogenated TiVFeMgLi alloy. Interestingly, with a heating rate of 5 °C·min-1, the peak 

temperature for dehydrogenation is around 233 °C and the onset dehydrogenation 

temperature is around 200 °C. These results are in accord with the in-situ SR-PXD 

measurements reported in Fig. 3.25(b) and (c). Note that there is one small endothermic peak 

at around 140 °C, which may relate to the dehydrogenation of the hcp phase. Fig. 3.27(b) 

conveys the corresponding Ea calculated by the Kissinger method. The Ea of dehydrogenation 

for the TiVFeMgLi hydrogenated sample is 246.6 ± 14.4 kJ·mol-1 H2. Fig. 3.27(c) displays 

the DSC traces of the hydrogenated TiVFeMg CCA. The onset and peak temperatures for 

dehydrogenation are about 325 °C and 397 °C, respectively, as shown from the curve with a 

heating rate of 5 °C·min-1. Therefore, the DSC results are in good accordance with the in-situ 

SR-PXD measurements shown in Fig. 3.25(e) and (f). Accordingly, the dehydrogenation Ea 

of the hydrogenated TiVFeMg alloy is 109.5 ± 4.7 kJ·mol-1 H2 (Fig. 3.27(d)). For the 

hydrogenated TiVMgLi variant, the onset and peak temperatures for the main 

dehydrogenation process are around 189 and 248 °C, respectively (see Fig. 3.27(e)). These 

two characteristic temperatures are consistent with that measured by in-situ SR-PXD, e.g., 

170 to 190 °C (see Fig. 3.25(h) and (i)). The corresponding dehydrogenation Ea is 86.3  ± 4.7 

kJ·mol-1 H2 (Fig. 3.27(f)). Also, there is a minor endothermic event at around 145 °C, which 

may relate to the decomposition of one hydrogenated phase. Surprisingly, despite the 

multiphase microstructure, the dehydrogenation process of TiVFeMg CCA is as simple as 

one step, yet that of TiVFeMgLi and TiVMgLi CCAs tends to be multiple steps. 
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Fig. 3.27. (a) DSC curves at heating rates of 1, 3, 5, and 10 °C·min-1 of hydrogenated TiVFeMgLi 

CCA; (b) corresponding Kissinger plot of hydrogenated TiVFeMgLi CCA. (c) DSC curves at heating 

rates of 1, 3, 5, and 10 °C·min-1 of hydrogenated TiVFeMg CCA; (d) corresponding Kissinger plot of 

hydrogenated TiVFeMg CCA. (e) DSC curves at heating rates of 1, 3, 5, and 10 °C·min-1 of 

hydrogenated TiVMgLi CCA; (f) corresponding Kissinger plot of hydrogenated TiVMgLi CCA. 

3.3.5. Kinetic modeling 

Our CCAs can absorb hydrogen at ambient temperature, however, how the hydrogenation of 

CCAs will behave kinetically in terms of reaction rate is currently unknown. To further 

understand the hydrogen storage behaviour of the CCAs studied in this work, we performed 

kinetic measurements at 50 °C under 50 bar of H2. Fig. 3.28(a) illustrates the hydrogenation 

kinetic curves of the three CCAs. As can be seen, TiVFeMgLi, TiVFeMg and TiVMgLi 
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CCAs can absorb around 2.31 wt.%, 2.10 wt.% and 3.71 wt.% of H2 in 4 h, respectively. 

Lithium, as the lightest metal element, is of great importance for hydrogen storage 

applications. Our results demonstrate the improved hydrogen storage capacity by alloying Li, 

as shown in Fig. 3.23(a) and Fig. 3.28(a). Fitting the kinetic curves with different models 

serves to determine the rate-limiting step for the hydrogenation reactions. Various kinetic 

models were employed (see Table 2.7) and the fitting data range were selected from 0.15 to 

0.8 (reaction fraction).[131] The detailed fitting information is shown in Fig. S6-S8 and Table 

S4-S6. Fig. 3.28(b) exhibits the fitting of the kinetic data by the D3 model. Accordingly, the 

D3 model fits well for the hydrogenation reaction of all three CCAs. This model refers to the 

three-dimensional diffusion model (i.e., Jander model) according to the following 

equation:[212] 

ρ ρ ‌ Ⱦ Ὧὸ                                                      (3.7) 

where Ŭ is the reaction fraction, t is the reaction time, and k is a rate constant. The calculated 

k values for TiVFeMgLi, TiVFeMg, and TiVMgLi CCAs are 6.4822 ³ 10-5 s-1, 1.64451 ³ 10-

4 s-1, and 4.6278 ³ 10-5 s-1, respectively. These findings suggest that the rate-limiting step for 

the hydrogenation of the current CCAs is the diffusion of hydrogen. Moreover, during 

hydrogen uptake, three-dimensional diffusion controls the reaction, and the reaction rate 

decreases proportionally with the thickness of the reaction zone. The results of the kinetic 

modeling may originate from the overall reactions induced by multiple phases during the 

dehydrogenation process.  

 

Fig. 3.28. (a) Hydrogenation kinetic curves of TiVFeMgLi, TiVFeMg, and TiVMgLi CCAs at 50 °C 

under 50 bar of H2. Inserted figure is the enlarged hydrogenation kinetic curves of TiVFeMgLi, 

TiVFeMg, and TiVMgLi CCAs at 50 °C under 50 bar of H2 with hydrogen storage capacity up to 1 

wt.%. (b) Fitting of the hydrogenation kinetics by D3 (three-dimensional diffusion controlled) model 

for TiVFeMgLi, TiVFeMg, and TiVMgLi CCAs.  
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3.4. RHC 2NaBH4 + MgH2 

A systematic investigation of the effect that selected metal-based additives have on the 

dehydrogenation properties of the RHC model system 2NaBH4 + MgH2. Compared to the 

pristine system, the material doped with 3TiCl3·AlCl 3 exhibits superior dehydrogenation 

kinetics. The addition of 3TiCl3·AlCl3 alters the controlling mechanism of the second 

dehydrogenation step making it change from a two-dimensional interface controlled process 

to a two-dimensional nucleation and growth controlled process. The microstructural 

investigation of the dehydrogenated 2NaBH4 + MgH2 via HRTEM shows significant 

differences in the MgB2 morphology formed in the doped and undoped systems. The MgB2 

has a needle-like structure in the sample doped with 3TiCl3·AlCl3, which is different from the 

plate-like MgB2 structure in the undoped sample. Moreover, nanostructured metal-based 

phases, such as TiB2/AlB 2 particles, acting as heterogeneous nucleation sites for MgB2 are 

also identified for the sample doped with 3TiCl3·AlCl 3. The nucleation tendency of MgB2 on 

TiB2 nanoparticles at atomic level was studied by first-principles calculations.  

3.4.1. Structural characterization of the as-milled materials 

The diffraction patterns acquired for the as-milled materials are reported in Fig. 3.29(a). The 

diffraction peaks that dominate the patterns of 2NaBH4 + MgH2 (Na-RHC), Na-RHC + 5 mol% 

3TiCl3·AlCl3, and Na-RHC + 5 mol% VCl3 are those of NaBH4 and MgH2 and in the case of 

Na-RHC + 5 mol% MgF2 and Na-RHC + 5 mol% Mg(OH)2, the diffraction peaks of Mg are 

also detectable. The presence of the Mg peaks is expected as it is the main impurity of the 

purchased MgH2 (purity is 95%). Interestingly, for all the investigated materials, no 

diffraction signals related to the additivesô presence or the products of their interaction with 

NaBH4 and MgH2 are visible. This can be attributed to the small amount of these compounds 

or because such compounds are nanostructured after ball milling. Investigations on the 

possible chemical alteration of the bending and stretching modes of the B-H bonds due to the 

presence of halogen and oxidize-containing additives were performed. Thus, the as-milled 

samples were characterized via FT-IR. The obtained FT-IR spectra are presented in Fig. 

3.29(b). The features of the [BH4]
- group can be observed in all the spectra, e.g., the B-H 

bending vibration (~ 1110 cm-1) and the B-H stretching vibrations (2000-2520 cm-1), which 

is in good agreement with the spectral data from the literature[213,214]. These results show that 

the B-H bonds in the [BH4]
- groups are unaltered by the addition of the additives and that no 

H- to Cl- or H- to F- substitution took place. For what it concerns, the sample containing 
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Mg(OH)2 - although the direct proof is not available - likely reacted with NaBH4 to form 

NaOH, B, and H2.  

 

Fig. 3.29. (a) Ex-situ XRD (ɚ =1.54184 Å) and (b) FTIR results of as milled Na-RHC + 5 mol% MgF2, 

3TiCl3·AlCl 3, VCl3, and Mg(OH)2 samples. 

Considering that the unit cell dimension of NaBH4 as well as the FTIR signals of NaBH4  

(see Table 3.4) in the investigated systems appear to be unaffected by the presence of the 

dopants, we can assume that under the investigated conditions no anionic substitution occurs 

between the H of NaBH4 and the halogen species contained in the additives. 

Table 3.4 Calculated lattice constant (obtained by XRD) and B-H bonds wavenumber (obtained by 

FT-IR) of NaBH4 for the as milled pure Na-RHC, and Na-RHC + 5mol% MgF2, Na-RHC + 5mol% 

3TiCl3·AlCl 3, Na-RHC + 5mol% VCl3 samples. 

Composition 
Lattice 

constant (Å) 
B-H bending 

wavenumber (cm-1) 
B-H bending wavenumber 

 (cm-1) 

Pure Na-RHC 6.1815 1112 2219, 2288, 2397 

Na-RHC + 5mol% MgF2 6.1906 1112 2220, 2288, 2395 

Na-RHC + 5mol% TiCl3·AlCl 3 6.1583 1113 2221, 2292, 2398 

Na-RHC + 5mol% VCl3 6.1583 1116 2226, 2297, 2402 

3.4.2. Dehydrogenation investigations 

The hydrogen desorption curves of all the Na-RHC samples are shown in Fig. 3.30(a). The 

kinetic curves for the starting materials of NaBH4 and MgH2 were plotted for comparison. As 

shown in Eq. (1.10) and (1.11), the dehydrogenation process of the Na-RHC consists of two 

steps. The first step refers to the dehydrogenation of MgH2, and the second step corresponds 

to the dehydrogenation of NaBH4 and the formation of the solid phases NaH and MgB2. The 
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pure Na-RHC can release 7.5 wt.% of H2 in 8 h. The sample doped with MgF2 shows the 

largest hydrogen release of 8.7 wt.%, while the total hydrogen storage capacity of the 

material containing 3TiCl3·AlCl3 is 8.0 wt.%. The sample doped with Mg(OH)2 appears to 

possess the same hydrogen capacity as the pure Na-RHC, i.e., 7.5 wt.%. The sample doped 

with VCl3 has a hydrogen capacity of about 6.7 wt.%.  

 
Fig. 3.30. (a) Dehydrogenation curves and (b) corresponding XRD patterns after dehydrogenation of 

pure NaBH4, MgH2, Na-RHC, Na-RHC + 5 mol% MgF2, 3TiCl3·AlCl 3, VCl3, and Mg(OH)2 samples. 

The dehydrogenation measurements were performed under 15 kPa backpressure while heating from 

RT to 450 °C with a heating rate of 3 °C·min-1 and then kept isothermal at 450 °C for 5 to 8 hours. 

As shown in Fig. 3.30(a), all additives shortened the incubation time for the first step of 

dehydrogenation (about 2.1 wt.% of hydrogen is released). Based on the data reported in Fig. 

3.30(a), the magnitude of this effect appears in the following order: 3TiCl3·AlCl3 > VCl3 > 

MgF2 > Mg(OH)2. Also, when it comes to the second step, the sample doped with 

3TiCl3·AlCl3 shows the fastest kinetics. The XRD patterns of the pure and MgF2, 

3TiCl3·AlCl3, VCl3, and Mg(OH)2 doped Na-RHCs desorbed until the end of the first step in 

Fig. 3.31 confirm that the first dehydrogenation step is related only to the decomposition of 

MgH2. Fig. 3.30(b) shows the XRD patterns acquired for all the samples after 

dehydrogenation. Under the same dehydrogenation condition, the presented phases in pure 

NaBH4 and MgH2 are NaBH4 and Mg, respectively. All the patterns of the Na-RHC system 

show the characteristic peaks of Na/NaH and MgB2. The peaks of NaCl or NaF can also be 

detected in the samples doped with halogen-containing additives. This finding supports our 

first claim that the halogen-containing phases are nanostructured after milling. Note that for 

the pristine and Mg(OH)2 doped samples, the diffraction peaks of NaBH4 are still visible, 

suggesting that the dehydrogenation reaction is not complete, which is in good agreement 

with the kinetic performances shown in Fig. 3.30(a). Moreover, based on these data we can 
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safely state that the achievement of capacities higher than expected (i.e., the samples doped 

with 5 mol% of MgF2 and 3TiCl3·AlCl 3 in Fig. 3.30(b)) results from the fact that under the 

applied hydrogen pressure and temperature conditions NaH partially decomposed to Na. 

Although due to a partial unassisted decomposition of NaBH4 the formation of amorphous or 

nanostructured B-containing phases (e.g., boron and B12H12) is potentially possible, in the 

investigated systems can be excluded based on the previous research[215]. 

 

 

Fig. 3.31. XRD patterns (ɚ =1.54184 Å) of the pure and MgF2, 3TiCl3·AlCl 3, VCl3, and Mg(OH)2 

doped Na-RHCs desorbed until the end of the first step (from RT to 450 C̄, with a heating rate of 3 

C̄·min-1, under 15 kPa backpressure). 

3.4.3. Equilibrium phase compositions 

In order to understand the reaction mechanism of the dehydrogenation process of the Na-

RHCs with and without additives, the equilibrium phase composition calculations were 

performed by minimizing the Gibbs free energy via the HSC Chemistry software[135]. The 

conditions for the calculations were as follows: dehydrogenation from RT to 500 ºC under 1 

bar of H2 pressure. The most favorable reactions were identified by combining Gibbs 

minimization equilibrium with selected solid and gas species. The obtained results represent 

ideal phase equilibrium compositions useful to predict the possible reaction. The compound 

NaMgH3 was added to the database. The enthalpy, entropy, and heat capacity of the NaMgH3 

were obtained from ref. [216-218]. The calculated results are shown in Table 3.5. For the MgF2, 


































































































































