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Abstract

Computational Modeling of the FeTi Hydrogenation: Scale-bridging
atoms and microstructure

Interstitial metal-hydrides can reversibly store sustainable energy in the form of hydrogen.
Among these materials, the FeTi alloy has the advantage of operating under near-ambient
temperature and pressure conditions, as well as exhibiting a generally lower cost of the raw
materials compared with other intermetallics in the same class. These properties are associated
with a high volumetric hydrogen storage capacity that surpasses even the storage of hydrogen in
its molecular form. This translates into an economical advantage because the energy-intensive
processes of pressurizing to extreme pressure levels or cooling to cryogenic temperatures are
avoided.

Although this material has been extensively studied with experimental methods, the char-
acterized properties of alloying elements, structural transformations, chemical stability of the
phases, mechanical properties, macroscopic thermodynamics, just to mention a few, have not
yet been systematically described in a multiscale model capable of yielding these properties
and their mechanisms in a comprehensive integrated manner.

To establish a foundation for developing this digital twin, the hydrogenation process of
the interstitial intermetallic FeTi metal-hydride is investigated computationally across various
hierarchical levels. Three distinct theoretical approaches are utilized with the intention of
integrating them into a comprehensive model that can quantitatively address questions in
materials science based on precise properties across di [erent material scales.

At the atomistic level, the properties of the FeTi-H system are studied with quantum me-
chanics within a high-throughput approach to analyze the equilibrium and non-equilibrium
structures and their thermochemical and micromechanical properties. Computational thermo-
dynamics is subsequently employed to wrap up these properties and integrate the chemical
bulk equilibrium of the material in a macroscopic dependence with the external temperature
and pressure engineering conditions. The atomistic and thermodynamic models are finally
integrated into a thermokinetic mesoscale model capable of simulating the evolution of the
properties when the material is subject to many di Lerent manipulated engineering conditions.

To guarantee successful integration of the diLerknt scale properties, the spatial microstruc-
tural evolution should yield good agreement with the lower-level properties. The last part of
this thesis work thus demonstrate with simulations that these properties have been well inte-
grated, utmostly providing a basis of a comprehensive multiscale computational model for FeTi
hydrogenation.

The computational modeling of hydrogen storage in FeTi hydrides allows us to anticipate
the evolution of the materials properties during their application, helping to develop new pro-
cesses. In this context, this thesis work established a quantitatively integrated multiphysical
multiscale model for simulation of the evolving hydrogenation phenomenon of the FeTi alloy.
Ultimately, paving the path to the expansion of the model into a FeTi-based multi-component
and multiphase mesoscale model.






Zusammenfassung

Computamodellierung der FeTi-Hydrierung: Skalentberbrickung von
Atomen und Mikrostruktur

Interstitielle Metallhydride kénnen nachhaltige Energie in Form von Wassersto [_feversibel
speichern. Unter diesen Materialien zeichnet sich die FeTi-Legierung dadurch aus, dass sie
unter nahezu Umgebungsbedingungen hinsichtlich Temperatur und Druck arbeiten kann und
im Vergleich zu anderen intermetallischen Liegierungen derselben Klasse allgemein geringe-
re Rohsto [kdsten aufweist. Diese vorteilhaften Eigenschaften sind auf die hohe volumetrische
Wassersto [sgeicherkapazitat zurtickzufiihren, die die Speicherung von molekularem Wassersto [1
Ubertri [L.1Dies bietet einen wirtschaftlichen Vorteil, da energieintensive Prozesse wie Kompres-
sion auf extreme Dricke oder Kuhlung auf sehr niedrige Temperaturen von 20 K vermieden
werden.

Trotz umfangreicher experimenteller Studien zu diesem Material wurden die Eigenschaf-
ten von Legierungselementen, Strukturtransformationen, Phasenstabilitat, mechanischen Ei-
genschaften und makroskopischen Thermodynamiken, unter anderem, noch nicht systematisch
in einem Mehrskalenmodell beschrieben, das diese Eigenschaften und deren Mechanismen um-
fassend integriert.

Um eine Grundlage fur die Erstellung eines digitalen Zwillings zu entwickeln, untersucht
diese Forschung computergestitzt die Wassersto Lrebktion des interstitiellen intermetallischen
FeTi-Metallhydrids auf verschiedenen hierarchischen Ebenen. Drei verschiedene theoretische
Ansétze werden angewandt, um sie in ein umfassendes Modell zu integrieren, das material-
wissenschaftliche Fragen durch die genaue Beschreibung von Eigenschaften Gber verschiedene
Materialskalen hinweg quantitativ adressiert.

Auf atomarer Ebene werden die Eigenschaften des FeTi-H-Systems mit Hilfe der Quan-
tenmechanik in einem Hochdurchsatzansatz untersucht, um die Gleichgewichts- und Nicht-
gleichgewichtsstrukturen sowie deren thermochemische und mikromechanische Eigenschaften
zu analysieren. Diese Eigenschaften werden dann in ein makroskopisches computergestitztes
thermodynamisches Modell integriert, das das chemische Gleichgewicht des Materials in Abhén-
gigkeit von externen Temperatur- und Druckbedingungen beschreibt. Anschlielend integriert
ein thermokinetisches Mesoskalenmodell die atomaren und thermodynamischen Daten, um die
Entwicklung der Materialeigenschaften unter verschiedenen ingenieurtechnischen Bedingungen
zu simulieren.

Um eine erfolgreiche Integration der Eigenschaften tber verschiedene Skalen hinweg zu ge-
wahrleisten, muss die rdumliche Mikrostrukturevolution gut mit den Eigenschaften der unteren
Ebenen Ubereinstimmen. Der letzte Teil dieser Dissertation zeigt anhand von Simulationen,
dass diese Eigenschaften gut integriert wurden, und liefert letztlich die Grundlage fur ein um-
fassendes Mehrskalenmodell fur die Hydrierung von FeTi.

Durch Computermodellierung der Wassersto [sgeicherung in FeTi Hydriden kann man die
Eigenschaften und die Entwicklung des Materials wahrend seiner Anwendung antizipieren und
neue Prozesse entwickeln. In diesem Kontext etabliert diese Dissertation ein quantitativ pra-



zises, integriertes, multiphysikalisches Mehrskalenmodell zur Simulation der FeTi-Hydrierung.
Dadurch wird der Weg fur die Erweiterung auf Mehrkomponentensysteme geebnet.
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Introduction

1.1 Motivation and aims of the work

1.1.1 The hydrogen energy transition

The global e ort to limit the increase in global average temperature to well below® C above
pre-industrial levels [1] requires the development of a climate-neutral economy. To address
this challenge, the European Green Deal has set ambitious targets: reducing greenhouse gas
emissions by at least55% by 2030 and transforming Europe into the rst climate neutral
continent by 2050 [2]. Achieving these goals will require a fundamental transformation of
energy production systems to reduce emissions.

A key component of this transition is the establishment of an energy production chain based
on emission-free technologies. However, a signi cant challenge lies in the intermittent nature of
current renewable energy sources, such as solar and wind. These sources are variable, producing
excess energy under favorable conditions, but producing insu ciently when conditions are poor.
This variability makes managing wasted energy an important task in the pursuit of a sustainable
energy system.

In this context, hydrogen production powered by renewable energy, so-called "green hydro-
gen", o ers a promising solution. Green hydrogen acts as an energy vector, capturing surplus
energy during periods of high renewable production. This stored energy can then be used when
renewable energy generation is low, helping to balance energy supply and demand. Thus, green
hydrogen can play a vital role in the transition to a sustainable energy system [3].

Green hydrogen is particularly attractive because it is a renewable energy carrier that
releases only water as a by-product when used [4, 5], closing its life cycle in a sustainable
manner. This makes it an ideal candidate for reducing emissions across high-impact sectors,
including transportation, industrial heating, chemical production, and steel manufacturing [6].
However, in order to fully integrate hydrogen into these sectors, advanced and reliable methods
for hydrogen storage and delivery are essential.

Among the strategies being explored, stationary hydrogen storage systems have gained sig-
ni cant attention. Acting as a bu er, these systems enable better control of energy production
by storing the excess during periods of high renewable generation and releasing it when needed.
This capability promotes a more e cient and resilient renewable energy infrastructure.

However, hydrogen storage presents its own challenges, as advanced technologies are re-
quired to ensure safe, e cient, and cost-e ective storage. This need for improvement justify
the importance of ongoing research and technological development in hydrogen storage solu-
tions to fully realize the potential of hydrogen as a reliable energy carrier in the transition
to a climate-neutral economy. In the following sections, various hydrogen storage methods
will be presented, along with a brief analysis of their advantages and drawbacks, highlighting
the importance of a deeper phenomenological understanding of hydrogen's interaction with
materials.



1. Introduction

1.1.2 Hydrogen storage in molecular state

At rst sight, the use of hydrogen as a fuel may appear to be an attractive strategy, as its
elemental form is the lightest among all elements in the periodic table, and the combustion
of hydrogen gas has the highest speci ¢ energy density, reachitg0MJkg * under ambient
conditions [7]. This speci c energy density is more than double that of conventional fossil fuels;
for example, methane, gasoline, and diesel ha@&6, 464, and 456MJkg !, respectively.
However, under standard conditions, hydrogen is stable as a gas, resulting in a poor volumetric
energy density of0:003kWhL ! [8], which represents just a small fraction of that of, for
example, methane, propane, and gasoling.2, 7:1, and 9:.0kwWhL ?*[9, 10].

Until the current technological stage, hydrogen has been stored mainly in its molecular
form, as a compressed gas [11] or as a condensed liquid [12]. However, storing hydrogen in its
molecular form presents intrinsic energetic disadvantages. This is because to reach a volumetric
energy density that is adequate, these molecular storage methods require additional work and
heat to compress or liquefy the gas, which ultimately decreases the e ciency of using hydrogen
as an energy carrier.

Figure 1.1 shows the comparison between the volumetric density of hydrogen in its molecular
state as a function of pressure.

Figure 1.1: Comparison of volumetric hydrogen densities of lique ed, ideal and real gaseous hy-
drogen. The real hydrogen gas is plotted using Joubert's model [13] &9815K.

In theory, compressing hydrogen gas t@00 bar requires about13% to 18 % of its lower
heating value (LHV) [14], while the work for liquefaction corresponds roughly t@0 % of the
calori ¢ content of hydrogen. In practice, however, e ciencies for liquefaction approacB0 %
elevating the energy required for these processes to increase to al#fi¥oto 30 %of the energy
content of hydrogen [14, 15].

Further complications come from the technological perspective. For example, gas cylinders
are too heavy and compressed hydrogen is therefore usually stored in lightweight carbon- ber-
reinforced composite tanks. These tanks, although lighter, are expensive because of their
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di cult manufacturing process while imposing further complications for recycling. Moreover,
even though stored in lightweight tanks, the energy density of hydrogen @ 10’ Pa (700 bai)

is 5:6 MJL !, which is six times lower than the commonly used gasoline, which has it as
320MJL L

In the same direction, hydrogen gas liquefaction requires a theoretical power input of
292kJmol !, and since this is an additional mechanical work, the equivalent heat can be
expected to be around2:5 times higher. The heat of combustion of KHto liquid H,O has a
value of 28593 kJmol 1. Putting in comparison, just liquefying hydrogen gas represen5 %
of ideal e ciency [16].

Moreover, keeping the temperatures low necessitates additional components, which de-
creases the overall equipment volumetric and gravimetric storage capabilities. A further hurdle
to molecular storage is the control of the boil-o . This phenomenon implies an estimated cost
of 1 to 2% daily hydrogen loss from the tank in mobile applications [7], which also creates
problems in terms of fuel refueling frequency, cost and safety [14].

1.1.3 Hydrogen storage as metal-hydrides

The possibility of storing a high volume of hydrogen in metals has been the subject of study
since 1866 when Thomas Graham reported that paladium could massively absorb (at that time
referred to as "occlude") 935 times its own volume of H17]. However, only in the 1960s, after
almost a century, did metals begin to be investigated for hydrogen storage purposes [18]. Metal
hydrides as solid-state hydrogen storage materials have several advantages over other classes of
hydrogen storage media owing to their high volumetric capacity and great hydrogen retainment
characteristics allowing for nearly loss-free hydrogen storage during dormancy [19, 20]. In
addition, metal hydrides are often considered safer storage solutions for applications where
safety is a concern since their (de)hydrogenation cycles can operate under mild conditions
compared to compressed gas-based storage that requires extremely high pressures [21, 22]. Their
exceptional properties are a manifestation of the thermodynamics of the phase transformations
governing the hydrogenation of these materials in the presence of hydrogen activity, which are
explored in the following sections.

Fundamentals of the thermodynamics of binary metal-hydrides

Hydrogen reacts with many di erent elements to form various compounds and is usually clas-
si ed by chemical bond type. Metallic hydrides, by the nature of metallic bonding, commonly
exist over extended ranges of nonstoichiometric compositions and can be called interstitial
alloys since hydrogen usually occupies interstitial sites of the metallic lattice [23].

The absorption of hydrogen in metals generally proceeds through several stages. First,
physisorption occurs, where hydrogen is stabilized on the metal's surface by van der Waals
forces. Next, in chemisorption, the molecular hydrogen dissociates into atomic hydrogen (H)
on the surface of the host material, forming metal-hydrogen chemical bonds. Following this,
hydrogen atoms di use into the metal's bulk and generate a solid solution of hydrogen within
the interstitial sites of the metallic lattice [24].

As the partial pressure of hydrogen increases, the solid solution can transition into a hydride
phase, commonly referred to as the- to -phase transformation. This transformation contin-
ues until the phase is fully converted to the phase, provided that external thermodynamic
conditions favor the stability of the hydride phase () over the solid solution phase ().

In some materials, the metallic structures of the hydrogen solid solution and the hydride are
quite similar. At higher temperatures, even under high pressure, hydrogen atoms tend to be
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randomly distributed within the lattice, making phase boundaries indistinct. However, at lower
temperatures, hydrogen atoms may adopt a more ordered distribution within interstitial sites.
This arrangement of hydrogen distribution can be interpreted as a spinodal decomposition if
the crystal structure is signi cantly similar, as well as a formation of a completely new phase,
depending on how substantial the changes in the crystal structure are to establish distinct
phase boundaries. The origin of phase separation arises from the interaction among dissolved
hydrogen atoms, which incorporates both elastic and electronic contributions.

The structural changes associated with the transition from solid solution to hydride, partic-
ularly at low temperatures, can give rise to unique material properties. Often, after completion
of the hydride formation, the hydride itself undergoes additional structural adjustments to
accommodate a larger number of hydrogen atoms within its interstitial sites.

Because of these combined structural and thermodynamic e ects, the storage of hydrogen
as a metal hydride o ers several technical advantages. First, the volumetric hydrogen density
can reach higher values in the hydride form because hydrogen atoms are more densely packed
within the metal-hydride lattice compared to the liquid or compressed gas states. Second, metal
hydrides can enhance safety since their decomposition is typically an endothermic process,
requiring a change in external conditions and additional input energy to release hydrogen.
This energetic input requirement reduces the risk of explosive reactions, providing an inherent
safety mechanism.

Yet, the stability of the hydride should be considered for technical applications. If the form-
ing compound with hydrogen is too stable or too unstable, it may not be worth it to reverse
the reactions, as it then requires higher energetic levels and other technical complications to
make the process cyclic [16]. Investigating the stability of hydrides is therefore a necessary step
when assessing potential application of metal hydrides. Their stability analysis involves under-
standing the thermodynamics of the hydrogenation process, which is generally characterized
by evaluating their pressure-composition isotherm (PCI) curves [24].

In a ideal scenario for abinary metal-hydrogen system, the complete equilibrium between
the bulk , solid phases with the hydrogen gas occurs in a de ned pair of pressure (P) and
temperature (T) at which all phases should present equal values of thermodynamic potentials.
At this condition, the material system presents a at plateau in the PCI curve. With increasing
temperature, the pressure at which the plateau occurs increases while the composition range
of the plateau shrinks. Above a certain critical temperature () the plateau vanishes and
the - transformation becomes a second-order thermodynamic transition and the formation
of the hydride becomes a continuous structural transformation upon pressure increase, from
which phase separation is di use and unclear.

Below T, the hydride phase, or -phase, is cleary distinct from the solid solution and
grows when the hydrogen chemical potential, or hydrogen partial pressure, surpasses that of
the plateau at a constant temperature. The formation of the hydride in this case involves
nucleation and growth from the hydrogen supersaturation within the interstitial sites of the
phase.

The schematic representation of the properties of PCI curves over temperature and their
associated description of a van't Ho plot together with a schematic illustration of the -
structural transformation shown in Figure 1.2.

In general terms, the formation of the hydride can be seen as controlled by concurrent
thermodynamic factors namely the enthalpy ( H,) and the entropy ( S;) of the reaction.
These thermodynamic parameters characterize the variation in enthalpy and entropy of the
hydride in relation to the metal plus the hydrogen gas state.

As the main contribution to the entropy of the reaction comes from the change of entropy
between the hydrogen in gas form to its crystalline state within the interstitial site of the
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Figure 1.2: Schematic diagram of structural and thermodynamics of hydride formation. a) General
behavior of PCI curves over temperature, withT; < T, < T3. b) The associated van't Ho Plot of
curves shown in (a); ¢) Schematic illustration of the structural transformation of - transformation.
The schematic diagram is an adaptation from the work of M. Dornheim [24].

crystal, the reaction enthalpy can be considered as the primary engineering parameter for
materials design, which is introduced in the next subsection 1.1.3.

From the assumption of equilibrium condition, i.e same hydrogen chemical potential (),
the enthalpy and entropy over the constant pressure region of the phase diagram can be de-
scribed by application of the isothermal Gibbs energy to the van't Ho equation to derive its
linear form (Equation 1.1) [24]:

1, Pa _ Ho S

11
2 Po RT R’ (1)

whereP¢q represents the equilibrium, or plateau, pressur® is the standard pressureX01 325 P,
T is the varying temperature. Consequently, values ofH, and S; are obtained, respectively,
by the slope and they-intercept, as shown in Figure 1.2b).

The thermodynamics of hydrogen adsorption/desorption govern their temperature and pres-
sure range of applicability and can be analyzed through Equation 1.1 by the linear regression
of the plotting of the logarithm of the plateau pressure in function of the inverse of isotherm
temperatures (illustrated in Figure 1.1)).



1. Introduction

Figure 1.3: Calculated PCI curves for the Pd-H system over di erent temperatures. The plot shows
the variation of plateau range for rst-order phase transition up to its critical temperature. The PCI
curves were calculated for250K to 700 K with steps of 50K, including the calculation at the critical
temperature 567 K. The calculations are performed with CALPHAD model provided by Joubert and
Thiébaut [25].

Figure 1.4: Equilibrium pressure over temperature. a) Calculated and experimental data of PCI
curves of the Pd-H system with superimposed experimental data. The calculations are performed with
CALPHAD model provided by Joubert and Thiébaut [25], and experimental data from 73Cle [26],
64Wic [27], 73Fri [28], and 09Jou [25]. b) Linear regression of the van't Ho equation for the same
experimental data from a).

The palladium-hydrogen system is a typical example to discuss the thermodynamic proper-
ties introduced here. The hydride formed from the palladium metal has the same basic structure
as the metal. The volume change of the solid-solution-phase is negligible. In contrast, the

-phase has a volumetric expansion of approximatelyl %relative to the pure metal. At lower
temperatures (belowT, =566 K) the - transformation is a rst-order thermodynamic transi-
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tion, and the plateau pressure of the PCl is clearly de ned. Figure 1.3 illustrates the calculated
PCI curves for the Pd-H system based on the model of Joubert and Thiébaut [25], which is
adjusted to experimental data.

The plateau pressure represented in red in Figure 1.3 are invariants of the pressure-composition
phase diagrams for a constant temperature. They represent the unique set of thermodynamic
potentials that equalizes the hydrogen chemical potential of the hydrogen solid-solution-(
phase), the hydride ( -phase), and the H gas. Fixing these conditions within the thermody-
namic model, i.e requiring that these phases are in equilibrium, the temperature and pressure
pair that satisfy such constraints can be calculated. The results of such calculation is shown in
Figure 1.4a).

Note that applying the proposed technique of the van't Ho plot combined with the linear
regression of the experimental data presented in Figure b)4the values of reaction enthalpy and
entropy can be found. Using the CALPHAD model, these values are found by the calculated
di erence of enthalpy and entropy between the nal and initial states of the system. From an
experimental basis, the thermodynamic aspects of metal hydride systems are straightforward
but sometimes limited to evaluating logarithmic plateau pressures againdt=T. There are,
however, many other aspects of the thermodynamics of these systems.

Beyond the thermodynamics of bulk binary metal-metal hydride systems

One important aspect beyond the van't Ho equation is the di erence in experimental plateau
pressure when measuring absorption or desorption curves, known as hysteresis. In fact, the
equilibrium pressure-composition isotherm represents the state that would be observed if there
were no boundaries between the solid-solution and the hydride phase. In reality, during ab-
sorption, the pressure must exceed that of the bulk equilibrium to begin transformation; during
desorption, the pressure must drop below that to decompose the hydride. The enthalpy derived
from high-precision calorimetry measurements of binary hydrides conrms it. For example,
these data measured for Pd-H have the same absolute value dfl, for desorption and absorp-
tion [29], which con rms that the reversible - phase transition should be the exact reverses
of each other.

To understand the di erence between PCI and calorimetric results, Flanagan and Oates [30]
suggested that an ideal bulk thermodynamic equilibrium between the three phases should occur
at a pressure level between the measured absorption and desorption plateau pressures. The
conclusion comes on the basis of thermodynamic principles, as they demonstrated that these
reactions would not generate entropy otherwise. In addition, they proposed that the evolved
driving force manifesting as heat from overcoming activation barriers is partially the reason for
the cause of hysteresis.

An important aspect to note is that plateau pressures are invariant points (Gibbs phase rule)
only in binary metal-hydride systems, but metal hydrides are often generated from intermetallic
compounds or alloys. In substitutional alloys, for example, the Pd-Pt-H system, the complete
equilibrium between the , , and gas phase implies a di erent metallic composition between
the metallic solid solution and the hydride, and a "slopping plateau” is expected.

For higher than unary metallic systems the thermodynamics of hydrogenation is often a
phenomenon out of complete equilibrium. Instead, a paraequilibrium state governs the hy-
drogenation process. In this case, the metallic elements behave as a unique species due to
their much lower mobility in comparison to the quick di usivity of hydrogen in the interstitial
lattice and resemble a "frozen" metal situation. The system in this case can be referred to
as pseudobinary hydrides. In para-equilibrium conditions, only the chemical potential of the
fast di using species, in this case hydrogen, is equal in all the phases. The alloy composi-
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tion, however, remains constant due to the slow mobility of metallic species, which keep their
chemical potential gradient through the di erent condensed phases [31, 30]. The concept of
paraequilibrium will be explored further in Chapter 3 and Section 3.2.1.

Despite, di erently to what happens in the bulk, in multicomponent metallic systems even
at paraequilibrium, a local equilibrium among the metals at the interface may exist. If this is
the case, there is an induced compositional variation at the interface relative to the bulk, which
may also in uence the aspect of the PCI curve, e.g. inducing a sloped plateau [31, 30].

Furthermore, the variation of speci ¢ volume and composition between metal and hydride
phases generates mist strains and perturbed chemical bonds at the metal-hydride interface.
Therefore, during phase metal-metal hydride phase transformation, there exists induced macro-
scopic energy barriers, which have di erent natures during the hydrogenation and the dehy-
drogenation processes. These di erences partially explain the observed hysteresis [32, 33, 34].

These e ects beyond bulk equilibrium have a substantial impact on hydrogenation proper-
ties. Since hydride formation often follows nucleation and growth mechanisms, the character-
istics of the interface between solid phases become critical. The interphase boundary energy
includes a chemical component, arising from perturbed atomic bonds at the interface, which
adds an energetic contribution to the system's total free energy. This chemical contribution
scales with the area of the interphase boundary. Additionally, the lattice mismatch between
the metallic and hydride phases introduces elastic strain energy within the boundary region, a
mechanical contribution that scales with the volume of the forming phase.

The interplay between these chemical and mechanical contributions, along with bulk ther-
modynamic e ects, is key to understanding hydrogenation mechanisms. In order to minimize
the total free energy of the system, these contributions are balanced and dynamically adjusted
against each other, thus driving the evolution of phase morphology and in uencing the mi-
crostructure and kinetics of hydrogenation. These e ects are further discussed in Chapter 4,
and Chapter 5.

The interest of alloying and intermetallics as hydrogen storage media

Among metal hydrides, those based on binary intermetallic compounds with the general formula
AB, carry the thermodynamic and kinetic properties envisaged for hydrogen storage purposes.
Elemental hydrides of early (A) and late (B) transition metals generally possess high negative
and positive formation enthalpies ( H; ), meaning that they form very stable and very unstable
hydrides at standard conditions, respectively [35]. In Figure 1.5 a periodic table of elements is
illustrated that shows the data compiled of the formation enthalpy from Table 6.6.1 of Griessen
and Riesterer [36] and Table 1 from Griessen and Driessen [37] for most binary metal hydrides
of interest. For some elements, where only the heat at in nite dilution (H; ) was available,
this value was used to estimate the formation enthalpy of the corresponding monohydride.

It is often observed that combining elements A and B in speci c ratios (e.ga = 1;2;3;5)
promotes the formation of stoichiometric intermetallic compounds, AB, which is accompanied
by a reduction in the absolute value of the formation enthalpy, H;, of their corresponding
ternary hydrides [38]. This reduction leads to the formation of ternary hydrides with inter-
mediate stability, which enhances the reversibility of hydrogenation under conditions close to
ambient temperature and pressure. This provides a safer hydrogen storage medium compared
to molecular hydrogen tanks, which require either extremely high pressures or very low tem-
peratures [35, 38].

Operating near ambient conditions is particularly advantageous when these materials are
intended for use in residential or domestic areas. Furthermore, these intermetallics exhibit
considerable variability in hydrogenation thermodynamics and kinetics when their base com-
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Figure 1.5: Enthalpy of formation of binary hydrides. Compiled data from experimental [36] and
theoretical [37] results. For elements to which only the enthalpy of in nite dilution was available, it
was used to estimate the enthalpy of formation.

ponents are partially substituted with other suitable metals. This suggests a promising avenue
for tailoring these compounds to optimize performance for speci c applications [38].

For vehicular applications, for example, the optimum operating pressure-temperature win-
dow for proton exchange membrane (PEM) fuel cells is in the range df 1P to 1 10°Pa
(1 to 10atm) and 298to 393K (25to 120 C), which represents the hydrogen delivery pres-
sure required by the fuel cell and the temperature of waste heat available from the fuel cell
for use by the storage system for hydrogen release [14]. The commercial lsaNiermetallic
metal-hydride is an example of a material capable of reversibly storing hydrogen under such
operating conditions. It su ers, however, from poor gravimetric capacity. Another example,
which is lighter and possesses similar operating properties is the FeTi intermetallic. Even
though the weight-related capacity of these materials is poor for mobile applications, research
on how to benet from alloying thermodynamics to modify their chemical composition with
lightweight materials while ne-tuning their thermodynamic properties to preserve or enhance
their reversible storage capacity is an active eld of research [39, 40].

1.1.4 FeTi as solid-state hydrogen storage material

Among intermetallic compounds that reversibly store hydrogen [41], FeTi is recognized as a
key material due to the possibility of large-scale production, owing to its relatively low cost
compared to other intermetallic compounds. Besides, its application as a solid-state hydro-
gen storage material potentially poses no signi cant complications for re-using. FeTi has a
gravimetric and volumetric capacity of1:87 wt% H, and 105 kg H=m3 [35], respectively, and
combines good sorption kinetics and reversibility within operating regime ranges near room
temperature and atmospheric pressure. Figure 1.6 schematically compares the molecular and
the FeTi hydride hydrogen storage methods from an atomistic perspective. The reversible vol-
umetric capacity of FeTi (837 kg H,=m?®) [21] as well as many other metal-hydrides (MHs) even
surpasses cryogenically lique ed hydrogerv :42 kg H,=m® at 20K) [22].

Furthermore, the high hydrogen storage capacity near ambient conditions is advantageous
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Figure 1.6: Illustration of the di erence between molecular and FeTi metal-hydride hydrogen
storage methods [21, 22, 35].

economically, as the energy-intensive processes of compression to elevate pressures and cryogenic
cooling can be avoided. Moreover, hydrides present the additional bene t of o ering a safer
alternative for system integration. The necessity of altering their thermodynamic conditions

to release hydrogen inherently mitigates potential explosive reactions. Therefore, FeTi-based
materials represent an excellent storage option when the weight of the system is not a concern,
e.g. hydrogen supply for residential environments, emergency power supply, and heavy-weight
means of transportation like trains, ships, long-haul trucks, etc. [42, 43].

It is worth noting that previous extensive studies have focused primarily on the processing
and alloying of FeTi to improve the performance of hydrogen storage [44, 39]. Relevant compu-
tational e orts have centered on atomic-level DFT calculations of bulk properties or reaction
barriers to hydrogenation [45, 46, 47, 48, 49], as well as hydrogen interactions with surface
oxide layers in terms of initial activation [50].

1.1.5 The use of computational methods for solid-state hydrogen
storage: aims of this work

The (de)hydrogenation of metal hydrides is a complex, multistage process involving surface
reactions, hydrogen di usion, and phase transformations, all of which drive the nucleation and
growth between metal and hydride phases. Understanding these processes requires unraveling
both the thermodynamics and kinetics of phase transformations and the resulting microstruc-
tural evolution in the storage materials. In this context, computational modeling and simulation
methods o er valuable insights by allowing researchers to identify the rate-limiting mechanisms
and critical driving factors that govern hydrogen storage performance and reversibility.

To address the multiscale nature of these complex chemical, physical, and material pro-
cesses, integrating computational methods that can operate e ectively across di erent lengths
and timescales is essential. For instance, a successful approach may involve combining atomic-
scale simulations (e.g., rst-principles calculations) with thermodynamic modeling (e.g., CAL-
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PHAD) or mesoscopic kinetic modeling (e.g., phase- eld modeling). Combining these methods

has the potential to provide a deeper understanding of how atomic and microscopic phenomena
in uence the macroscopic properties and behavior of storage materials, including the thermo-

dynamics of intermediate and product phase formations.

In particular, three key computational capabilities are the central aim of this work: calcu-
lation of atomic structural properties, thermodynamic calculations, and a phase- eld modeling
and simulation method. The thermodynamic method predicts the tendancy of the bulk phase
fractions of intermediate and product phases based on minimizing the system's total free energy
under speci ed conditions. The thermodynamics are enhanced by introducing e ects beyond
the bulk properties, for example by accounting for e ects of interface and surface energies. All
these properties can be derived from rst-principles methods through density functional theory
(DFT). These methods provide critical insights into how storage materials behave under vary-
ing conditions, such as di erent hydrogen pressures, temperatures, and particle sizes, which
are crucial for optimizing storage performance. The phase- eld modeling (PFM) approach,
on the other hand, employs a continuum description of non-equilibrium kinetics to simulate
the evolution of microstructures over broad time and length scales. Its exibility in describing
complex microstructural con gurations makes PFM an exceptionally powerful tool for model-
ing the kinetic processes of phase transformations, particularly under conditions that closely
resemble those in practical hydrogen storage applications.

This thesis focuses on the FeTi alloy as a case study to develop a quantitative, multi-
physics computational model that bridges various theoretical levels of analysis. By integrating
atomistic and mesoscale computational methods, this work aims to develop a model to accu-
rately simulate the (de)hydrogenation processes in FeTi, enabling more precise predictions of its
hydrogen storage properties. Importantly, the larger-scale simulations rely on atomistic param-
eters to characterize essential physical and chemical features, thus underscoring the importance
of accurate atomic-scale data in achieving reliable, higher-level predictions.

The novelty of this approach lies in the link of detailed multiscale modeling and simulation
framework, which incorporates advances in thermodynamic assessments, interphase bound-
ary modeling, and phase- eld modeling and simulations to handle compositional, structural,
and elastic inhomogeneities within the hydrogenation processes of the FeTi hydrogen storage
material. By accounting for these complexities from the atomic level, the model provides a
more realistic and quanti ed representation of mass transport and phase transformations of
the material.

By applying cross-scale fundamental properties for the development of the model proposed
in this work, the phenomenological and thermodynamic properties of the system should emerge
as inherent characteristics during simulations. Ultimately, this work aims to enhance the pre-
dictive capabilities of computational tools for hydrogen storage in FeTi, 0 ering a more robust
platform for further development of this material, allowing for predictive simulations and for
further including new elements and other microstructural features, allowing for the discovery
of better processing routes, materials performance, and reversibility.

1.2 Outline of the work

Chapter 2 presents the methodology architecture and theoretical foundations used in this doc-
toral thesis. The chapter is divided into three sections that present an introduction to the
fundamentals of rst-principles quantum mechanical analysis, followed by a description of com-
putational thermodynamics with a focus on the CALPHAD method and the thermodynamic
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models utilized. The last section describes the concept and coupled phase- eld equations em-
ployed for the FeTi hydrogenation simulations.

Chapter 3 begins with a detailed review of the thermodynamics of the stability of the phases
involved in the hydrogenation processes of the Fe-Ti-H system. Subsequently, it presents an
in-depth and step-by-step approach to combining theoretical calculations and experimental
information to perform a CALPHAD-based thermodynamic assessment of the FeTi-H system.
Further, the capability of the resulting model and its usefulness for accurately calculating the
equilibrium properties within the FeTi-H system are demonstrated, showing that it can serve
as a basis for the development of the subsequent phase- eld model.

Chapter 4 presents a versatile method for investigating the surface and interface character-
istics of interstitial metal-hydrides. This method is then used to determine these characteristics
for the FeTi, FeTiH, and H, gas. At the beginning of this chapter, the quanti cation of the
surface energy of the most relevant surfaces is calculated. In the following, a new method for
decoupling the chemical contribution to the interfacial energy between metals and their cor-
responding interstitial metal-hydrides is demonstrated from di erent approaches. To conclude
the chapter, these chemical contributions are used within a micromechanical analysis that re-
veals the preferential morphological evolution of the hydride phase with excellent agreement to
Transmission Electron Microspcopy (TEM) micrographs of the hydride morphology.

Chapter 5 concludes this work's discussion by demonstrating the implementation of the
many physical quantities acquired in the previous chapters into a phase- eld model for the
guantitative simulation of FeTi hydrogenation. The capabilities of the developed model are
demonstrated through phase- eld simulations, which were conducted to validate the imple-
mentation and assess the model's quantitative accuracy in reproducing standard and expected
outcomes. This demonstrates the model's potential for use in more advanced simulations aimed
at revealing mechanisms and evaluating the performance of the alloy under operating condi-
tions.

Chapter 6 summarizes the ndings of the present work and provides an outlook, leading the
path for future implementations and expansion of the model with proposals to further analyze
AB alloys for hydrogen storage.
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This chapter introduces the methodology and the theoretical foundations discussed in this
doctoral thesis work. The methods are introduced on the basis of their length scale and on the
relevant cascade propagation of the calculated properties. Thereby, the reader can expect that
the chapters will have some level of dependency on the quantities discussed in the previous
chapters. In general, the methodology is divided into three di erent levelsatomistic leve|
thermodynamic leveland mesoscale level

2.1 Methodology overview

Fundamentally, the methodology presented in this thesis represents an integrative approach
that interconnects three primary computational techniques in materials science to model the
hydrogenation process. Conceptually, the developed framework is extensible to the simulation
of various interstitial metal-hydride systems and, with minor adaptations, is applicable to other
material classes. Figure 2.1 illustrates the comprehensive framework for the development of
this thesis, as well as the major supporting software packages along with their functionalities
relevant to the proposed methodology.

Figure 2.1: Overview of the methodology and major software packages employed for this thesis
work.

From the atomistic leve| rst-principles quantum mechanical calculations are used to ac-
quire the equilibrium crystal structure of the compounds of interest. The capability of calcu-
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lating the total energy of these compounds, their relationship, response to strain, and chemical
interaction is analysed. These analyses provide essential properties, e.g. formation and reaction
enthalpies, elasticity, and equilibrium lattice parameters, that are key pieces of information to
inform higher-level models, as well as deriving mechanical properties that are hard or practically
impossible to measure experimentally.

In the thermodynamic levelthe thermochemical properties obtained by quantum mechani-
cal calculations are subsequently used to support the assessments of the thermodynamic models.
Computational thermodynamic techniques are essential to describe the equilibrium composi-
tion and fraction of each phase in the system. Fundamentally, any di usion-driven kinetic
model relies on driving forces derived from the hypersurface energy densities of material sys-
tems. Therefore, the models obtained in this phase of the methodology can be regarded as the
backbone of the entire process, guiding the intensity and direction of the involved phenomena.

At the mesoscale levethe interfacial energies, elastic energies, di usion barrier, and bulk
energy densities derived from quantum mechanical calculations are combined with the opti-
mized computational thermodynamic model to develop a quantitative-based mesoscale phase-
eld model capable of accurately simulating phase transformation within di erent external
conditions.

Software packages

For rst-principles quantum mechanical calculations, version 6.2.1 of the Vienna Ab-initio Simu-
lation Package (VASP) was employed [51, 52, 53, 54]. Thermodynamic equilibrium calculations
and the optimization of thermodynamic model parameters were performed using version 6.25
of the OpenCalphad software [55], along with version 10.2 of PyCalphad [56], and version 8.9 of
ESPEI [57] software packages. Phase eld simulations were performed by resolving its system
of partial di erential equations using the nite element method (FEM) as implemented in the
MOOSE framework [58].

2.2 Introduction to First-Principles calculations

This section introduces the basis for the rst-principles calculation methods that are employed
in this thesis to quantify the fundamental materials properties needed to upscale the simula-
tions. The following sections provide an overview of the theoretical background. For further
information the reader is referred to the following textbooks and overview articles [59].

2.2.1 Quantum mechanics calculations and its use for
thermodynamic modeling

The strong link between thermodynamic state functions and the crystallography of compounds
becomes apparent when electronic structure is considered. At zero Kelvin £ 0) and constant
pressure, the crystal structure of an atomic system is determined by minimizing the enthalpy
(H = U+ PV), where P is the pressure,V is the volume, andU is the internal energy.
This demonstrates how the crystal structure that minimizes the enthalpy corresponds to the
thermodynamically stable phase.

As will be presented in subsequent sections, the internal enerly often calledEy, , can
enhance thermodynamic evaluations due to its intrinsic connection to fundamental quantities,

e.g., pressure = %ﬂ ), and bulk modulus ( = V % ). Ultimately, the possibility
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of accurately calculating the internal energy and exploring the interconnection between ther-
modynamic fundamentals are highly useful for modeling thermodynamic kinetic properties in
scales far beyond the atomic level.

In this context, quantum mechanical computations serve as a pivotal tool for determining
the energies of compounds and consequently for elucidating their theoretical thermochemical
properties. This capability is of paramount signi cance because certain properties, integral to
thermodynamic modeling, pertain to compound structures that are mechanically or chemically
unstable under actual thermodynamic conditions. Such instabilities render empirical mea-
surement of these properties either impractical or exceedingly challenging with conventional
experimental methodology. Fortunately, qguantum mechanics allows for the calculation of these
properties, and by integrating these computed properties into thermodynamic models, whether
partially or completely, the precision in the evaluation of material systems can be signi cantly
enhanced.

Validating the calculations is an important step when employing quantum mechanics cal-
culations. One way of doing it is to nd the minimum of U, or conditions whereP = 0, for a
crystal system and derive properties such as the equilibrium volung and the bulk modulus.
As these quantities are measurable, it is possible to validate the calculation by comparing them
with the extrapolated measured quantities to0 K.

The ability to calculate the total energy of a given ground state crystal structure opens up
a venue for the use of thermophysical fundamentals to handle these calculated quantities to
obtain many other interesting properties; most of them are unachievable or hard to acquired by
any other methods. The use of these calculations and their relations to obtain key parameters
for computational thermodynamics and mesoscale simulations will be presented throughout
this thesis.

2.2.2 Schodinger equation and the many-body problem

Quantum mechanical treatment requires solving the Schddinger equation (Equation 2.1) for
each atom in the system, meaning that to nd the ground state , and its corresponding
energy E, the kinetic and potential energies (Hamiltonian, or Hamilton operatorfd) for all
species in the system should be calculated.

Hji=Eji: (2.1)

The Hamiltonian of the system, = T + ¥, can be represented as the sum of the kinetic
and potential operators for each species (such as electrons and atomic core, denotef} asnd
T., respectively) in the system, along with the sum of various operators for the Coulomb energy
interactions between the charged particles (electron-electroNy .), electron-core {: .), and
core-core V. ) interactions).

|q:q[-\ca"'-f-\\c""oe et Ve ¢t Ve ¢ (2.2)

The amount of atoms in real systems has a magnitude of Avogradro's number, rendering the
problem virtually intractable. Furthermore, the particles are coupled, which implies that the
interactions between electrons and between electrons and cores exert a mutual in uence on the
entire system, which reciprocally a ects the individual species. This phenomenon is referred
to as the many-body problem.
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2. Theoretical Foundations

Born-Oppenheimer approximation

The so-calledBorn-Oppenheimer approximationwas a rst simpli cation to address the many-
body problem. It consists of treating the dynamics of the electrons as decoupled from the
dynamics of the nuclei. Given that atomic cores typically move more slowly and possess much
lower kinetic energy compared to electrons due to their substantial mass di erence, one can X
the positions of the cores and solve the electronic component independently to determine the
energy gradient, which can then be used to adjust the core positions iteratively, until a relaxed
structure is created. By excluding the atom core kinetic energy operatof{) and the core-core
interaction potential energy operator §. ) from the Hamiltonian, the electronic Schrédinger
equation is then given by

(Te+ 0 e+ % 0)j i = Eq i (2.3)

However, this approximation alone does not solve the problem because for a system larger
than one Helium atom the many-body problem persists due to the electrons being a set of
many moving and interacting particles. Knowing that a single electrop i possesses a three-
dimensional spatial function in addition to a spin function, for each electron sampled in the
problem, a set of four coordinates (three spatial plus one spin function) is added to the total
wavefunctionj i. With just a few data points in each spatial dimension, an atom with a half
dozen electrons requires a data storage capacity that far exceeds the sum of the entire world's
computational infrastructure capacity.

2.2.3 The density-functional theory (DFT) and its approximations

The many-body problem makes the analytical calculation of the internal energy via electronic
structure theory including electron correlation e ects an impossible task even for a simple
crystal. It was only made treatable with the advent of density-functional theory (DFT), for
which the 1998 Nobel Prize was awarded. The theoretical framework was pioneered in the 1960s
by Pierre Hohenberg, Walter Kohn, and Lu Jeu Sham [60, 61]. The key feature of DFT is that
fundamental system properties like energy or structure are not calculated via the wave function
but the electron density as the central quantity. This reduces the complexity of the problem
because now instead of Ny coordinates for each electrom (three coordinates plus one spin
function) only four are required to describe the system. They demonstrated its applicability
through the formulation of two fundamental theorems.

The Hohenberg Kohn theorems

The rst theorem postulates that the electron density in the ground-state (o(¥)) uniquely
determines the Hamiltonian (except for a constant\{. [ ])) and that, consequently, the ground
state energy is a unique functional of (+), where ¥ denotes a spatial vector.

Eo = E[ o(f)]: (2.4)

The second theorem asserts that the exact ground state energy is the global minimum for
a given external potentialVey () (coming from the atomic core), and the (¥) electron density
that minimizes the functional is the exact ground-state density.

E[ ()] >Eol o(R): (2.5)
Although the description of the system based on the electron density simpli es solving the
static Schrodinger equation, the Hamiltonian now must be represented as a functional ¢f).
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2.2. Introduction to First-Principles calculations

No analytical functional for this purpose is known, but the so-called Kohn-Sham equations
have shown an e ective method to approximate this elusive functional.

The Kohn-Sham equations

Based on their theorems, Kohn and Sham introduced a set of equations capable of transforming
the many-body problem into a set of single-particle equations. They simpli ed the problem by
introducing an e ective Hamiltonian for non-interacting electrons (expressed as a functional

(1), which was assumed to possess the same density as the real system. The Kohn-Sham equa-
tions are Schrodinger-like equations derived by introducing a set of non-interacting reference
single-particle orbitals that reproduce the same(¥) as the fully interacting system.

The derivation of the Kohn-Sham equations commences with the postulation that an in-
determinate exchange-correlation functionalE,.[ ], encapsulates all non-classical electron in-
teractions. Speci cally, this encompasses the exchange-correlation energy contributions that
persist beyond theclassical kinetic energy functional (Te[ ]), the Hartree density functional,
Wy [ ] (representing the classical Coulomb repulsion functional), which constitutes a compo-
nent of the electron-electron interaction functional Ve ¢[ ]), and the electron-core interaction
functional (Ve ([ ]), which, in this context, corresponds to the external potentiaVey[ ]. From
this concept, the expression for the exchange-correlation functional is part of the total energy,
allowing to recast the energy functional as:

Eel ]= Tel ]+ Vul[ ]+ Ve [ ]+ Exl | (2.6)

where the introducedE,.[ ] is given by

Exc[ 1=(T[] T D+(Veell Wul: (2.7)

Kohn and Sham used the variational principle applied to the whole electron energy density
functional with respect to the orbitals to derive the equations that determine the single-particle
wavefunctions, yielding:

o St Ve () (A= () (28)

where (¥) are the Kohn-Sham orbitals, ; are the corresponding eigenvalues, is the re-
duced Planck constant andn, is the electron mass. The e ective potentialy, , in Equation 2.8
is therefore expressed by:

Ve = Ve(¥)+ VH(F) + Vye(F): (2.9)

As can be inferred, the Kohn-Sham equations are much simpler to solve because the e ective
potential depends on the coordinates of only one electron.

Each of the terms that compose Equation 2.9 are derived from their corresponding func-
tionals. For example, the rst term v.(+) is the Coulomb potential created by the atomic
cores, which is expressed within the functionaV, [ ], representing the interaction between
the electrons and the atomic cores:
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Z
Vecd]l=h j\/)e c] 1= Ve(¥) (VdE (2.10)

The Coulomb potential (v.(¥)) is considered as an e ect caused by the atomic cores, which
are treated as point charges, and is classically represented by:

e Xz
4"o . j* Rj

Ve(¥) = (2.11)

Heree is the elemental charge’ is the dielectric constant, andZ; is the atomic number of
the corei at position R;.

Since theV, ([ ] functional is the only one described as a function of the position of atomic
cores, the remaining functionals for the electron-electron interactions should be general to any
possible electron densities.

The kinetic energy ([Te[ ]) is calculated based on the concept of a single electron interacting
with the charge density of all electrons. In this case, it is expressed as the sum of the kinetic
energies of each electron particle, thus calculated from the single-particle wavefunctionér)
iterating over all N occupied states of the system through:

JX"Z

2Me

Tl[1=h jTej i= L(Or 2 i(pdE (2.12)

Where [ (¥) is the complex conjugate for the single-particle wavefunction.
Although each single-particle wavefunction is a density functional de ned as

X\I . .2
®= i@ (2.13)
i
an analytical solution to express it as a function of does not exist. In contrast, the density
functional for the classical Coulomb energy (or the Hartre®, [ ] for the direct electron-electron
interaction) of the charge density can be analytically expressed as

Z Z Z
Vul 1= %4% %dfdf 0= % v (F) (HdE: (2.14)

A drawback of these classical descriptions is that they account for an additional interaction
of the single electron with itself, leading to the so-called self-interaction error. In addition, the
non-classical interactions between electrons are not included. In particular, the non-classical
phenomena omitted in these descriptions include thexchangeof electrons, which should not
alter the outcomes since electrons are indistinguishable, and the quantum e ects of one electron
impacting others, known ascorrelation. All these e ects are consequently expressed as part of
the exchange-correlation potential energyy.(+) = @(;(“J)], which was previously introduced in
Equation 2.9.

The interdependent formulation of the e ective potential, the density, and the single-particle
wavefunctions enforce the solution of the Kohn-Sham equations to be solved iteratively. Fig-
ure 2.2 shows a schematic routine for this iteration.
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2.2. Introduction to First-Principles calculations

Figure 2.2: Kohn-Sham routine for solving the Schrodinger equation for one e ective electron,
based on the DFT method.

As illustrated in Figure 2.2, the solution generally starts with some reasonable guess of the
charge density, often taken as a superposition of the atomic charge densities. As elucidated by
the second Hohenberg-Kohn theorem, the converged solution ensures a correspondence to the
charge density in the ground state.

Fundamentally, the unresolved exchange-correlation function&,.[ ] represents the nal
component required to enable an exact calculation of the total energy and its derivatives for a
speci ed atomic con guration.

Approximations to the Exchange-Correlation Functional

As stated previously, the exchange-correlation functionaE(.[ ]) is a function of the electron
density that gives all the contributions of the exchange and correlation to the total energy. Al-
though numerous approximations oE,.[ ] have been developed to date, a detailed description
of each is outside the scope of this thesis. Nevertheless, two of them are the most widely used
and were the forerunners in the DFT method. One of these is utilized throughout this thesis
and is therefore introduced in this section.

The rst is the Local Density Approximation (LDA). In this case, the functional Ey[ ] is
simply a space integral of the function that depends only on the local density of that point.
The LDA considers the exchange-correlation as a function of two terms: the exchange term
and the correlation term.

For the exchange term, an exact equation is calculated by assuming a non-interacting ho-
mogeneous electron gas, which has an analytical solution. For the correlation term, there is
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2. Theoretical Foundations

no analytical solution. However, in 1980, Alder et al. [62] performed expensive Quantum
Mont-Carlo Simulations and obtained numerical values for these correlations. This makes the
XC-functional free from parameters.

Z
E'[1= (9 ()de (2.15)

While LDA provides precise geometries, such as lattice parameters for crystals, it has lim-
itations in energy accuracy, often manifested as overestimated binding energies due to the
increased de-localisation of electrons [63]. This can lead to incorrect stability predictions, such
as bcc Fe being unstable and germanium being metallic. To improve LDA, the XC-functional
was adjusted to depend on the local variation of the density, considering both the density
and its gradient (r ), resulting in the creation of the Generalized Gradient Approximation
(GGA) [64].

z
ECAL]I= (®(r )de (2.16)

There are various approaches to consider the in uence of gradients, resulting in a wide
array of GGA XC-functionals with di erent parameterizations. The rst practical GGA that
could be reliably applied across a broad spectrum of materials was presented by Perdew and
Wang (PW91) [65, 66]. Among these, the most widely used for solid-state metallic structures
is the functional developed by J. Perdew, K. Burke, and M. Ernzerhof (PBE) [67]. However,
numerous other XC-functionals have been developed; for instance, a simpler variant of PBE is
PBESol (PBE functional revised for solids), which di ers from PBE in only two parameters
and was created to enhance the equilibrium properties of bulk solids and their surfaces [68].

It should be acknowledged that the superior results obtained with a speci c GGA or any
other XC-functional do not necessarily imply their better accuracy to all cases. As already
introduced in Section 2.2.1, a critical aspect of employing the DFT method involves the rigorous
comparison of key calculated properties with experimentally measured properties extrapolated
to OK. In many instances, certain approximations may yield more accurate descriptions of
speci c properties while being less precise for others. The scientist's role is to meticulously
validate these approximations and identify the optimal compromise.

In this work, the GGA serves as the primary basis for describing the exchange-correlation
functionals, and if any alternative method or theoretical level is employed in this thesis work,
it will be explicitly stated and appropriately referenced.

2.2.4 Computational Solution, Plane Wave Basis Sets, and
Pseudopotentials

It is not the aim of this section to provide a complete description of methods behind the
solution for DFT; however, some approximations and details on how to control the accuracy
of calculations should be at least introduced, as this is a key factor in guaranteeing accurate
employment of the DFT method. Furthermore, the concepts introduced in this section are
based on the computational methodology implemented in VASP. As it is designed for solid-
state systems, the software package employs periodic boundary conditions, representing the
translational symmetry of crystalline materials.
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2.2. Introduction to First-Principles calculations

Discretization in reciprocal space

At rst, it is worth mentioning that as Wavefunctions and band structure E(K) are periodic
in reciprocal space, i.e., they are constant for a translation & by a reciprocal lattice vector
G. Single-particle Wavefunctions can be calculated for wave vectors lying in the rst Brillouin
zone, and the solution for the Kohn-Sham equations follows from an integration in reciprocal
space.

L N4 .
(A= i e (PIPdR; (2.17)
i=1

whereV is the volume of the rst Brillouin zone, . As the wavefunction varies slowly with
respect to the wave vector, the integral presented in Equation 2.17 can be approximated by
a weighted sum iterating over a discrete set of points in the reciprocal space, callegoints.
The mesh constituted by thek-points can be chosen with an equally spaced medtspacing ),
that are reduced based on the symmetry of the system, resulting in an irreducitlepoints set.
There is therefore a compromise between accuracy and computational demand, which should
be evaluated and optimized for each system.

Plane Wave Basis Sets

Even though DFT drastically reduced the amount of data to be stored when computing quan-
tum mechanics, three-dimensional wavefunctions must be stored for each particle. These wave-
functions are expanded into a set of orthonormal basis functions, and their related expansion
coe cients are stored in the computer. The choice of basis functions depends on the mod-
eled system's nature. For instance, atom-centered basis sets can simplify the calculations for
molecules and their reactions. Conversely, for periodic systems, e.g., crystalline materials, em-
ploying a plane-wave basis set considerably reduces the complexity of the calculations. In the
discussion of this thesis, since DFT is utilized to describe crystals along with their surfaces and
interfaces, a plane-wave basis set is used for all computations. The use of a plane wave basis
set for the expansion of a single-particle wave function is expressed by:

1 X e
()= Po= Coimg€ 0" (2.18)

G

WhereK is the wave vector,G is the reciprocal lattice vector,i = P ~ 1. Since the summa-
tion runs over all reciprocal lattice vectorsG, the number of expansion coe cientsCg  is
unlimited. However, it can be expected that the calculations with respect to a given property
converge quickly with respect to the maximum kinetic energy of the plane waves in the basis
set, and a cuto energyE.. limiting the amount of reciprocal lattice vectors can be de ned
with the relation.

| O
2MeE eyt .

jG+ Kj< (2.19)
With Equation 2.19, it can be expected that a higher value fOE.; results in more reciprocal
lattice vectors, which implies higher accuracy, with the expanse of more coe cients to be stored

and, consequently, higher computational cost expense. Analogous to the assessmeéntpdints,
an evaluation ofE.,; should balance precision and computational e ort before determining the
properties of a particular system.
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Pseudopotentials

It is common to distinguish two categories of electrons of an atom. Those closer to the nucleus
(core electrons) and those relatively further away from the nucleus (valence electrons). Core
electrons are tightly bound to the nucleus, whereas valence electrons are more inclined to
interact with near atoms, forming bonds, and participating in chemical reactions. Valence
electrons usually present smoothier wavefunctions, which can be perturbed by the nuclei and the
core electrons. Valence electrons can be e ciently represented by the wavefunctions expanded
in the plane-wave basis set [69], even for |dk,. However, limiting the kinetic energy imposes

a complication in describing core electrons because they present more localized states, thus
exhibiting higher oscillations in their wavefunctions. In the case of core electrons, a prohibitive
number of planewaves is necessary to capture all these oscillations.

To deal with this problem, VASP, for example, assumes that localized states of core elec-
trons are negligibly a ected by the outer shell, or valence states. With this assumption, the
system is decoupled from the core electron states treated beforehand by an e ective potential,
whereas the valence states are explicitly computed during electronic optimization vid plane-
wave expansion [69, 70].

Figure 2.3:  Qualitative illustration of the use of pseudopotential method. Pseudopotential ¥pseudo)
matches the exact potential Vexact), and the resulting pseudo-orbital ( pseudo) Matches the exact
potential (" exact), for r>r c.

The technique to bypass the more complicated localized states is to replace the real potential
close to the core withpseudopotentials Although there are several kinds of pseudopotentials,
their underlying principle remains consistent: for > r ., the pseudopotential ¥/pseudo) COiNcides
with the true potential (Vexact), and the pseudo-orbital’ seudo aligns with the true orbital
(" exact)- This idea is depicted in Figure 2.3.

Considering the large number of core electrons in many atoms, pseudopotentials have suc-
cessfully proven to be useful to accurately calculate many types of materials properties.

While this design guarantees that the wavefunction matches the exact value abayealter-
ing the central part of the wavefunction results in varying eigenvalues and norms for the pseudo
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2.3. Introduction to the Calphad Method

density. To address norm errors, Hamman, Schliter, and Chiang proposed norm-conserving
pseudopotentials [71]. Their approach ensures that the pseudopotentials maintain the same
integrated charge within a distance below,, requiring the following condition to be met:

Z Z

r Ic

j (r)jrzdr = j pseudo(r)jrzdr = Q; (2.20)
0 0

whereQ is the total charge withinr <r ., (r) is the all-electron (exact) wavefunction and

pseudo(r') IS the pseudo-wavefunction. However, the solution is still limited in its accuracy.

The projector augmented wave (PAW) method increases the numerical precision by incor-
porating localized auxiliary functions that, through a linear transformation, are connected to
the real all-electron wave functions [72]. This technique employs projections of pseudo-orbitals
onto the real, precomputed all-electron orbitals to generate the eigenvalue spectrum. Due to
the linearized transformation, the coe cients are derived from the inner product of the pseudo
wavefunction and the orthogonally selected projection operators. Consequently, the computa-
tion is not only more accurate but also less resource-intensive, requiring fewer plane waves for
the plane-wave expansion. All DFT calculations presented in this dissertation employ projector
augmented wave (PAW) pseudopotentials for the systematic characterization of each atomic
element.

2.3 Introduction to the Calphad Method

2.3.1 The Computational Thermodynamics Concept

Thermodynamics provide a fundamental framework for understanding the equilibrium states
of systems. This foundational knowledge is essential for accurately simulating transformation
processes, as systems inherently tend to reach equilibrium.

The digitization of measured thermodynamic data, along with the use of theoretically de-
rived thermochemical data, allows for the computational determination of various parameters
relevant to thermodynamic systems and their ability to predict equilibria. To accurately char-
acterize systems and their equilibrium states, it is essential to ensure that data from both
theoretical calculations and experimental methods are carefully validated and re ective of the
di erent levels of thermodynamic equilibrium of the system's components as a whole.

In the Calphad methodeach phase within the system is meticulously modeled on an indi-
vidual basis, with thermodynamic databases employed to systematically store detailed informa-
tion on the thermodynamic model parameters pertinent to each phase. As part of the Calphad
method, the Calphad techniqueoutlines the methodology of selecting phase models in a manner
that aligns with crystallographic data, while simultaneously facilitating extrapolations to more
complex, higher-order materials systems.

In general, the overall methodology framework consists of employing available data to assess
the parameters of the Gibbs energy model selected for each of the phases that are stored in
thermodynamic databases that can afterwards be read by thermodynamic engines that, among
other capabilities, are able to calculate the equilibrium states by performing the minimization
of the total Gibbs energy of the system, constrained by a given environmental condition.

This technique, applied across a range of practical applications, is referred to as "computa-
tional thermodynamics". When thermodynamic models have been thoroughly evaluated and
align well with actual conditions, computational thermodynamics can underpin kinetic models
and simulations. In addition, they can be utilized to predict thermodynamic properties in
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non-equilibrium states and multicomponent systems, aiding in the discovery of new materials
or innovative processing methods.

2.3.2 Foundation for Equilibrium Calculations

The fundamental condition for a system to reach thermodynamic equilibrium requires that
all regions of a system exhibit uniform thermodynamic potentials. In practical applications,
thermodynamic potentials can be classi ed into three primary categories: temperature, pres-
sure, and composition. When these potentials remain uniform across the system, they indicate
thermal, mechanical, and chemical equilibrium, respectively.

Systems in thermodynamic equilibrium are characterized by spatial homogeneous quantities
for temperature and pressure. According to the second law of thermodynamics, this equilibrium
state can be interpreted as the scenario in which a closed system achieves its maximal level of
entropy.

If a closed system presents a gradient in temperature, heat ows from the hotter to the
colder part. As a consequence of the second law, the entropy reduction in the hotter part is
smaller than the entropy gain in the colder part, resulting in a total system entropy increase.

Equilibration of composition gradients also increases entropy in similar fashion. The same
is true for the case of pressure; nonetheless, the di erence in pressure inside a system can be
maintained for extremely long times, and for practical purposes, a spontaneous equilibration
of pressure in solid materials is experimentally unfeasible.

However, the material can be seen as a constitution of individual closed parts surrounded
by pressure barriers, and considering it as a single closed system implies that the barrier can
be overcome.

An inhomogeneous system consists of many phases. In equilibrium, these phases are homo-
geneous within themselves.

From the perspective of internal energy W), the equilibrium condition is reached in a
closed system when the internal energy reaches its minimum value at constant entropy and
volume. For experimental purposes, this de nition is unpractical due to the unfeasible control
of entropy at constant values for most of the systems, but on the contrary, it may be of use
when performing atomistic calculations.

From the perspective of Gibbs energy, the de nition of equilibrium is found more applicable
because the variable constraints that de ne equilibria are controllable within experiments and
during engineering applications. The equilibrium is then de ned as the point at which the Gibbs
energy of a closed system reaches its minimal value in isothermal and isobaric conditions.

2.3.3 Phase stability calculation

In the Calphad method, each phase of the system is modeled individually and thermodynamic
databases are used to store information on the models and the thermodynamic parameters of
the phases. These databases can be read by thermodynamic engines to minimize the total
Gibbs energy of the system. In this work, OpenCalphad [55, 73, 74] and PyCalphad [56] were
employed as thermodynamic engines.

The total Gibbs energy of a system @) is the sum of the molar Gibbs energies of the
phases G,,) multiplied by the number of moles of the correspondent phasen( ):

X
G™ = m G.,: (2.21)
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For a given set of thermodynamic potentials, the equilibrium of the system is obtained by
minimizing Equation 2.21 [75].

Within the Calphad method, di erent types of model are employed to describe the tem-
perature, pressure, and/or composition dependencies of the Gibbs energy of the phases in the
system.

2.3.4 Gibbs Energy Models and Formalism

In this section, the thermodynamically most important Gibbs energy models and formalism
used to describe this work's system and, in general, any metal-hydrogen systems will be laid
out.

The Hydrogen Gas Gibbs Energy Models

When modeling metal-hydrogen systems, the proper choice of the Gibbs energy model describ-
ing the gas is of pivotal importance, especially when the Calphad method is applied for modeling
hydrogenation, as the process inevitably involves the thermodynamic interaction between the
metallic phase and the gas phase.

In general, the gas phase is a mixture of metallic elements in the vapor state to the most
common atmospheric molecules of the Earth. However, apart from the main component of the
gas phaseH, during hydrogenation experiments, these other species are often in negligible con-
centration and are accurately considered to present ideal mixing properties. What contributes
mainly to the Gibbs energy of the gas is consequently only the Gibbs energy of tHe species.

Considering that pure hydrogen is an ideal gas, its Gibbs energy expression may be acquired
by the integral of the volume with respect to pressure:

Z Z
Ghe=  VdP = RP—TdP = °%GE+ RTIn PEO ; (2.22)
whereR is the gas constant andG}’’ is the Gibbs energy reference of hydrogen at atmo-
spheric pressureP, = 1  10° Pa. For most practical applications, the hydrogen gas may be
considered ideal, however, for some metal-hydrogen systems the hydrogenation occurs above
1 10 Pa, at which the ideal-model description loses accuracy [13].

A model that accounts for the shift of ideal properties at high pressures has been proposed
by Joubert [13]. The model has been widely used in the Calphad community when an accurate
description due to deviation of the ideal property is necessary.

Joubert introduced an equation of state expressed by a series of exponential pressure-
dependent parameters and coe cients.

P P P
Gy ="GIY+RTIn o ABiexp o ABrexp o

0 1 2
P P
AsBsexp B, A4Bsexp B, (2.23)
4
A5B5 exp B_ + CP+D
5

The expression shown in Equation 2.23 approaches Equation 2.22 for low-pressure ranges
(P < 1 10'Pa, see Figure 5.15). The reader is referred to Joubert's publication [13] for
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more details about the assessment procedure of the model's coe cients and its limitations.
Nevertheless, this doctoral thesis work will recall both models when the employment of the
Gibbs energy of theH, is necessary within the approaches proposed.

The Compound-Energy Formalism

The Compound-Energy Formalism (CEF) [76] is a generalized mathematical approach used to
describe many physical models and features of di erent phases [75]. It can handle di erent
cases and constituents interacting in di erent crystallographic sublattices. Most of the models
used by the Calphad community are, in general, just special cases of the CEF. The physical
meaning of the CEF parameters is dictated by the di erent strategies that can be employed
when performing computational thermodynamics.

In general, a selection of the models for a phase should have a basis on the physical and
chemical properties of the phases, re ecting their fundamental matter structure. Features
that should be considered in this regard consist e.g. the crystallography, the type of bonding,
possible order-disorder transitions, magnetic properties, type and range of solution, etc.

It is not the intention of this doctoral thesis to fully describe the capabilities of the CEF,
however, a brief description of its general form and the basis for its application to model
metal-hydrogen systems is provided in the following as a key theoretical foundation for the
understanding of the thermodynamic model proposed in this work. For more details, the
reader is directed to Lukas, Fries, and Sundman's book [75].

The general molar Gibbs energy of a given phaseis expressed by:

G, = "G, + "G, T S +*G,: (2.24)

m

The rst term with superscript "srf* stands for "surface of reference" and indicates the
non-interacting mixture of the constituents of the phase, acting as a mechanical mixture of
the compounds. Any solution phase has at least two compounds limiting the solubility of the
phase. These compounds are the so-called "end members". A linear interpolation of the energy
of these compounds according to their composition variation will form a hyper-plane that serves
as a reference from which any non-linear mixing feature may be easily identi ed, justifying the
"srf" nomenclature.

The term pre xed with "phys" represents the contribution to the Gibbs energy due to
a physical model such as magnetic transitions, and may be composition-dependent through
particular physical quantities.

The pre-superscript "cnf" identi es the con gurational entropy term and is based on the
number of possible arrangements of the constituents in the phase.

The term with pre-superscript "xs" refers to the excess Gibbs energy related to the real
Gibbs energy subtracted by the rst three terms, expressing any variation not yet accounted
for.

The physical origins of the Gibbs energy for the phase are attempted to be modeled only
within the PYsG_ term, whereas the "G, and **G_, comprise the con gurational as well as
vibrational, electronic, and other contributions.

In the CEF the general expressions for these terms are:

X
Gy = P (Y) Gi; (2.25)
lo
: X Xy e
S, = R a  y2InyY); (2.26)
s=1 i=1
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' X X
XSGm = PI1(Y)L|1 + P|2(Y)L|2 + (227)

1 I

The generalization of the formalism is given by introducing the constituent array denoted
I. As the name suggests, it speci es one or more constituents on each sublattice, while the
individual constituents are denoted with a superscript(® indicating the sublattice s. They can
be of di erent order. The zeroth order () corresponds to the array with just one constituent
on each sublattice, consequently representing the "end members" of the phase.

In Equation 2.25 the concept is applied to de ne the surface reference. The teiPq, (Y)
de nes the product of the constituent fractions speci ed by the zeroth-order constituent array.
As in some cases, part of the end-member compounds de nedlyepresent an unstable phase
structure, the value of G,, must be estimated. For this purpose, DFT calculations can provide
excellent initial values if consistently applied, as discussed in Chapter 3.

There exists no absolute value for the Gibbs energy, and it is necessary to refer the Gibbs
energy of all phases in the system to the same reference for each of the elements constituting
it. The term G'I thus represents the Gibbs energy of formation of the constituent arrdy in
" from the reference states of the elements included in the constituents, which is generally a
function of the temperature and pressure:

X
G, by HjSER =f(T;p; (2.28)
j

where by is the stoichiometry factor for the component in the constituent array | and
HjSER is the enthalpy of the componentj in its reference state, usually taken as the value
presented at room conditionsZ9815K, and 101 325 P&

For the con gurational entropy shown in Equation 2.26, the termas represents the number
of sites on each sublattices and yi(s) is the constituent fraction of i in the same sublattice,
which are summed over each constituent in each sublattice.

The excess Gibbs energy termf{G,,,) contains the summation of the possible interaction pa-
rameters related to the constituent's interaction within the sublattices. A rst-order constituent
array represents one extra constituent in one sublattice, in the same manner a second-order
constituent array represents three interacting constituents on one sublattice and also the case
with two interacting constituents on two di erent sublattices.

As the order of the constituent array relates to the product of the fraction of the constituents,

a higher than second-order constituent array expresses an increasingly small contribution for
the interaction parameter and therefore is not advisable for the modeling of a phase.

The interaction parameters shown in Equation 2.27,,, and L,,, are named binary, and
ternary interaction parameters, respectively. Binary interaction parameters express the compo-
sition dependence of constituent and j within a sublattice. Even though many authors have
proposed expressions describing these interactions the most accepted expression for binaries
L,, in the Calphad community is the Redlich-Kister [77] power series, as it is symmetrical and
extrapolates well to ternary and higher-order systems:

Lj = (i x)" YLy (2.29)
v=0
wherev is the order of the series terms ranging from O tk. Analogously to the previous

constituent array series, a value dk greater than 2 is not advisable, as the product of fractions
increases and an increasingly smaller contribution of higher order terms is expected. If a more
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complex compositional dependence is needed for modeling a phase, it should be preferred to
test a new sublattice description before increasing the power series term.

Note that, becausex; + x; = 1 in binary systems, only the zeroth-order4L; ) parameters
give a non-zero contribution within the middle of the system |, while the rst-order parameter
(*L;) is the only asymmetric. The parameters’L; may exhibit temperature dependence,
and usually, a linear dependence on temperature is su cient for the accurate modeling of
most systems. In cases where heat-capacity data are available, a higher order temperature
dependence, often represented AyIn(T) to account for a constant excess heat-capacity, should
be employed.

VLij = VAij + VBijT; (2.30)
where A; and Bj are constant coe cients describing the excess enthalpy and entropy,
usually subject to assessment during optimization of model parameters.
The expression for the ternary excess contributions given by the second term of Equa-

tion 2.27 may be generalized by a summation over the constituents interacting in a sublattice
as de ned by the second-order constituent arrays,:

X2X1t X

tern:st'rn — XinXkLijk : (2.31)
i=1 j=i+l k=j+1

For a symmetric extrapolation, the ternary interaction (L ) parameters may take the form:

Lik = Vi 'L v T +vie KL (2.32)
with

Vi= X+ (1 X Xj Xk) =3
Vi = X + a x Xj Xk) =3 (2.33)
ik =Xt (1 X X X)) =3

The sum ofv is always unity for any order multi-component system, which guarantees the
symmetrical property of the L, parameters. This implies that if these parameters have the
same value, it is equivalent to having composition-independent ternary order parameters.

It is worth noting that the approach presented here is the geometrical extrapolation rst pro-
posed by Muggianu [78]. Even though there are at least three other extrapolation methods [75],
Muggianu's is arguably the preferred one due to its simplest formulation from Redlich-Kister
polynomials and its capability to extrapolate to multicomponent systems.

2.4 Introduction to Phase-Field modeling

In this section, a brief introduction to the phase- eld method is presented with a focus on
covering the models that will be employed in this study.

2.4.1 Basic Phase-Field equations

Phase- eld modeling is a powerful method capable of simulating the spatial arrangement of the
microconstituents in a given system. It describes the many microstructural characteristics, for
example, the di erent crystal structures having dissimilar compositions, di erent orientations
of grains of phases, domains of di erent structural variants, and domains of di erent electric or
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magnetic polarization. The distribution, morphology, size, and intrinsic bulk phase properties of
these microconstituents determine the overall properties of multicomponent and/or multiphase
materials.

The phase- eld method is distinguished from other approaches by the inclusion of di erent
interface descriptions into its formalism. A given phase- eld model describes the compositional
and/or structural domains in a microstructure with a set of eld variables that are assumed
continuous across the interfacial regions of these domains.

In this regard, there are two types of eld variables, conserved and non-conserved:

" Conserved These variables evolve with time by a nonlinear di usion equation and their
value must be conserved within the simulation domain. They are generally governed by
the Cahn-Hilliard equation [79, 80], Equation 2.34.

" Non-conserved This type of variable may have its value not conserved during the sim-
ulation and has its evolution dictated by the Allen-Cahn relaxation equation [81, 82]
Equation 2.35.

These two kinetic equations combined may solve most of the common microstructural de-
pendent materials problems and underlie many phase- eld models in the literature.

The Cahn-Hilliard equation is given by:

%:: r Mir % (2.34)
whereM; is the di usivity of speciesi, and ¢ represent the conserved eld variable.

The Allen-Cahn equation is given by:

@ = Lj
@t
The term L; is the mobility of the non-conserved eld variable, ;. The variable t represents
the time and F is the free energy density of the system.

In essence, howF is expressed in terms of the eld variables dictates the direction and
destination of the evolving system, in other words, the free energy density expresses the ther-
modynamic, and therefore the steady state equilibrium within the system.

In contrast, the variables representing the di usivity and mobility modulate how the sys-
tem will change from its initial state to its nal thermodynamic equilibrium. A quantitative
description of these terms is a pivotal concern in obtaining a model capable of simulating real
systems.

As mentioned above, the Cahn-Hilliard equation concerns the evolution of the conservative
quantities within a system. It is assumed that the free energy density of an in nitesimal
volume in a nonuniform system is dependent not only on its compaosition but also on how it is
distinct from the nearby surrounding environment. Thus, the free energy density depends on
the compositional variable,c, and its derivative. As the composition must be conserved in a
closed system, the summation of variables for a total of N species must be contained to the
unit:

F. (2.35)
J

¢ =1: (2.36)

Therefore, only one concentration and one chemical potential are independent. The free energy
functional F may be dependent on both the composition and the non-conserved eld variable.

29



2. Theoretical Foundations

For a phase- eld model containingN conserved variables; and M order parameters j, is
described by:

Z
F= floc(CiCariiiiOng 1 200000 ™)
' (2.37)

with f,. de ning the local free energy density as a function of all concentrations and order
parameters, varying from model to model. The ternkq refers to any other term in uencing
the energetics within the volume, and the gradient energy density {;) is given by:

f o= X _ijr Gj® + - —jjr % (2.38)
gr i 2 J 2 ] 1 .
where ; and ; are the composition and phase gradient energy coe cients, respectively.
These terms penalize the free energy density by adding an extra energy contribution for the
formation of sharp interfaces. Disregarding the additional contribution to the free energy
density E4, a general equation can be written:

[1] #
Z )(\I i .2 )(/I P .2
F= foc(Gi )+ ir 6j*+ ?JJF (2 av; (2.39)

The f |, is the local free energy density as a function of the conserved and non-conserved
eld variables. Considering a single compositional dependence with specieg éand a single
order parameter (;), the partial derivatives of the free energy functional take the form:

F c
F _ @
< @c ro(ira) (2.41)

Substituting Equation 2.40, and Equation 2.41 in Equation 2.35 and Equation 2.34, respec-
tively, the evolution of the variables is described as:

@ @foc

—@t— Lj @j r ( i r j) (242)
@c _ _ @fc o
at r Mir @c r (irg) (2.43)

In this work, the Cahn-Hilliard equation (Equation 2.34) is split into two partial di erential
equations to simplify the solution of the sti fourth-order gradient, inherent from the evolution
equation governing a conserved order parameter.

The di erential of the free energy with respect to the conserved order parameter of species
i is de ned as the chemical potential of that species (): | = %&g r (ir ).
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With this approach, the fourth-order equation becomes two second-order equations at the
expense of creating two coupled variables to be solved: the chemical potential and the
concentration ¢;. Equation 2.43 thus becomes:

@c_ .
@t— r M|r 13 (2.44)
and
_ @f .
r(irc)= ac - (2.45)

From this point, the equations are written in their weak form, and from there, the residual
equations are constructed in a way to discretize the problem to be solved within the FEM.
More details about this procedure can be found in thAppendix C.

2.4.2 The Kim-Kim-Suzuki phase- eld model

The Kim-Kim-Suzuki (KKS) model is an implementation of the two-phase model presented by
Kim et al.[83]. It features a single order parameter, and introduces phase-concentrations
and c for phase and , respectively. The global concentrationd) is thus constrained to:

c=(@ h())c +h()c: (2.46)

The main advantage of using KKS is that it provides the ability to choose the interfacial
energy between the adjoining phases of the system independent of the interfacial width. This
characteristic of the model thus allows for the simulation of the evolving system free of scale
concerns. The KKS model is especially suited for systems with high heat of solution, e.g. the
formation of hydrides from a metallic matrix, which in other conventional phase- eld models can
lead to unphysically high levels of interphase energies due to the miscibility gap contributions
along the smooth interface.

For a binary two-phase system, there are only two dependent compositional eld variables,
one related to the chemical composition and another to the phaseand , respectively:

fic(c; ) =11 h()If (©+ h()f (0 (2.47)

whereh( ) is the dimensionless interpolation function called "switching" function that provides
a smooth sigmoidal transition from phase to phase by assuming the value

0; ( =0

h( )= L0 g (2.48)

and no gradient at the minimum and maximum points.

The f term represents the homogeneous (or bulk) free energy density of a given phase
and may be derived by CALPHAD assessments of the Gibbs energy expression of the phases
along with the speci ¢ volume of their unit cells.

It is worth noting that there are many other developed models and formalisms reported in
the literature and that the present introduction only covers one of many that could be employed
to simulate a hydrogenation process.

Within the KKS model, it is often the case that an extra function dependent on, g( ),
is added to the equation. Theg( ) function is a double-well function with minima at =0
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and =1, attributing an energy penalty for the interphase region, that can be modulated by
the choice of the value of coe cientw that multiplies the function and modulates its height,
creating an additional energy barrier between the phases. With this term added, the free energy
density is then represented by:

fic(c; ) =[1 h()If () + h( )f (o) + wg( ): (2.49)

The additional variables are required to be constrained to solve the model. This is obtained
in KKS by the mass conservation equation (Equation 2.46) and by the pointwise equality of
the phases' chemical potentials:

@k _ @f _ @f
@c @c @c

This constraint enforces that the chemical potential of the phases equalizes at their interface.

(2.50)

2.4.3 Including Micromechanics

Phase transformation in solids usually produces coherent microstructures in their early stages.
In a coherent microstructure, the lattice planes and directions are continuous across the in-
terfaces, and the lattice mismatch between phases (or domains) is accommodated by elastic
strain. The elastic energy contribution, resulting from elastic displacements, to the total free
energy in a phase- eld model can be introduced directly by expressing the elastic strain energy
as a function of eld variables or by including coupling terms between the eld variables and
the displacement gradients in the local free energy functions [84, 85, 86, 87].

To couple elastic deformation energy to the phase- eld model, the elastic strain energy
density (E®) is included in the free energy density functionalR) as the additional energy term
Eq shown in Equation 2.37, such that the following expression for the Allen-Cahn equation is
obtained:

@_ | @ ., OF
@t @ @
The mechanical equilibrium equation is solved simultaneously by the balance of linear mo-
mentum:

(2.51)

r =0; (2.52)

From the de nition of Hooke's law, the stress-strain relation can be derived from the strain
energy:

- @..1 (253)

and the elastic energyE® as:

1

Eel —
2

Cia i "p @ "w "R (2.54)
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The elastic mis t strain tensor ff and the sti ness tensorCjq are interpolated as a func-
tion of the non-conserved order parameter, as proposed in the Khachaturyan's scheme [88],
yielding:

"= 2T ); (2.55)

and

Ciw =@ h())Cjy + h()Cyy : (2.56)

ij
four elasticity sti ness tensor of phase .

Here, the term 7S represents the stress-free transformation strain, andy,, is the rank
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Thermodynamic Modeling
of the FeTi Hydrogenation

3.1 Review on the thermodynamics of binary systems

3.1.1 Thermodynamics of Fe-H and Ti-H systems

For Fe and Ti, the reactivity with hydrogen is oppositely related. While both Fe and Ti metals

show a temperature range in which the bcc structure is stable, the calculated enthalpy of

solution in the bcc lattice of iron is24:12 kJmol *, whereas in the bcc lattice of titanium it is
59:82 kJmol ! [23].

Figure 3.1: Calculated Ti-H temperature-composition equilibrium phase diagram from [89].

On the one hand, this promotes that iron reacts poorly with hydrogen and presents negligible
solubility in the solid and molten states. On the other hand, titanium presents a huge hydrogen
solubility in the bcc phase as well as many distinguished hydrogen-rich hydride phases. The
respective calculated phase diagrams of Ti-H and Fe-H using the thermodynamic databases
assessed by Ukita [89] and Zinkevich [90], are shown in Figure 3.1 and Figure 3.2, contrasting
the di erences in solubility of their bcc phases.

In the Fe-H system, stable hydrides are not observed at room pressure, and iron-hydride
formation is registered to occur only above 6 GPa at 523 K [90, 91], yet titanium-hydrides
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Figure 3.2: Calculated Fe-H temperature-composition equilibrium phase diagram from [90].

(TiH ,) are stable even below atmospheric pressure (1(° Pa) at temperatures as high as
576 K [92, 93, 94].

As will be discussed in more detail in the following sections, the high stability of the tita-
nium hydrides indicates that the near-ambient condition hydrogenation of the FeTi alloy must
be a phenomenon of metastability, which strongly in uences the way of dealing with most
computational methods for studying this system.

3.1.2 Thermodynamics of the Fe-Ti System

At room pressure, the Fe-Ti system presents ve distinguishable phases: Laves, bcc, hcp, fcc,
and liquid. Much e ort has been expended to describe the thermodynamics of the Fe-Ti system.
The rst registered trial of modeling individual phases of the system in the Calphad framework
was done by Larry Kaufman and Harvey Nesor [95].

In the works that followed this rst attempt, the solution phases were updated regarding
the thermodynamic models employed and the incorporation of new data sets [96, 97, 98] and
Dinsdale et al. [99] applied a solution model to describe solubility in the Laves phase.

Later, H. Kumar and colleagues [100] reassessed the system and updated the model for the
Laves phase by describing it with three sublattices taking into account coordination numbers
in the lattice positions.

In 1998, Dumitrescu and colleagues [101] compared the available assessments and recom-
mended an evaluation of magnetic properties to further improve the thermodynamic description
of the system.

The rst work demonstrating the use of the ordering model to describe the bcc phase of the
FeTi system was presented [102] by H. Kumar and colleagues, discussing the sharp decrease
in the Gibbs energy as a result of the enthalpy of ordering Fe and Ti in the bcc lattice.
This was evaluated by a parametric description of the heat capacity of the ordered phase
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and its di erence compared to the disordered state, which was estimated using the mixing
enthalpy from Miedema's work [103]. The Kumar model was widely accepted and used in
many extrapolations for ternary systems [104, 105].

Later, Bo Hong and colleagues [106] revisited the system and re-adjusted the parametric
models to better perform heat capacity calculations of the intermetallic phases.

More recently, Santhy and Kumar [107] applied the order-disorder model for the bcc phase
from [102] and remodeled the Laves phase with two and three sublattices, with the latter
closely corresponding to the crystallography of the phase. They adjusted the parameters by
enhancing the models with experimental data for the stable stoichiometric compound and with
rst-principles calculated energies of unstable end-members. Figure 3.3 shows the calculated
phase diagram proposed using the three-sublattice Laves phase model.

Figure 3.3: Calculated Fe-Ti phase diagram with parameters from [107].

Following this, Kriegel et al. [108] included pressure dependency by evaluating thermody-
namic models using data on the solubilities of phases under high levels of compression, between
2.3 and 2.7GPa. Figure 3.4 compares the calculated phase diagram for ambient and high
pressure.

However, the authors modeled FeTi as an individual separate phase and not as an ordered
state of the bcc phase. The Laves phase was modeled with two sublattices and no magnetic
contribution.

As will be seen in the next sections, the level of pressure that signi cantly in uences the
FeTi phase stability is far above the hydrogen partial pressure that induces hydrogenation of
the FeTi phase near room temperature. Therefore, the pressure dependency of the solids may
be neglected when the thermodynamics of FeTi hydrogenation are assessed, without losing
consistency.

In particular, when Fe and Ti mix in equimolar quantities, the bcc phase undergoes ordering
of elements in the bcc crystal lattice forming a CsCl-type structure, which can hydrogenate
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Figure 3.4: Calculated Fe-Ti phase diagram from [108] at varying pressure values. a) calculated at
1 10°Pa, and b) calculated at2:7 10° Pa.

38



3.1. Review on the thermodynamics of binary systems

under near ambient conditions reversibly and is, therefore, the center object of study in this
work.

The ordering phenomenon may appear as a second-order thermodynamic transition, as in
the Al-Fe-Ni, Cu-Zn, and Fe-Si cases [75]. In these metal systems, the degree of order in the
bcc lattice continuously transitions in the direction of the resulting ordered bcc (B2) phase.

Although for the FeTi system this transformation is usually discrete and considered a rst-
order thermodynamic transition, to ensure a better extrapolation to multicomponent systems
and maintain compatibility, the most complete and widely accepted CALPHAD description
of the BCC phase employs the order-disorder model. For good practice and to guarantee the
ful llment of the requirements for higher-order systems, the order-disorder model is selected to
describe the FeTi phase in this work.

The model consists of describing the disordered and ordered bcc lattice as part of the same
Gibbs energy expression [75]. In this work, the use of the parameters of the Kumar and Santhy
order-disorder model [100, 107] was accepted, except for the parameters related to thermal
vacancies in the metallic sites, which were neglected because hydrogenation of the B2 phase
occurs near ambient temperature, resulting in negligible thermal vacancy fractions.

The disordered phase (bcc-A2) is thus described as a two-sublattice model with formula
(Fe; Ti) 1(vac); and a contribution to the Gibbs energyG®s expressed as:

G.Eﬂs = ygeGFe:vac + y‘?'i Grivac
+ RT (Y INyge + V3 Iny5)
+ ylgey'?l I-ée?;Ti:vac
+ GMa9; (3.1)
The term G™ is the magnetic contribution as described by the Inden-Hillert-Jarl ap-
proach [109] with the parameters of Santhy and Kumar [107]. The ordered phase (bcc-B2) is

then described with a three-sublattice model with formulgFe; Ti) o.5(Fe; Ti) o:5(vac)s, and the
contribution to the Gibbs energyG°™ expressed as:

od — ,0 ,,00 0 ,,00
Gm - yFeyFeGFe:Fe:vac + yTi yTi GTi:Ti:vac
0 ,,00 0 ,,00
+ yTi yFeGTi:Fe:vac + yFeyTi GFe:Ti:vac

0 0

1 1
+ RT é(yé’e Iny + y3 Iny3) + é(yé’é’lnypéf+ y2 Iny

0.,0 ,,00, B2 0.,0 ,,00, B2
+ YreYTi Yrel reTiFevac + YFeYTi YTi L FerTiTivac

0 ,,00,,00; B2 0 ,,00,,00; B2
+ yFeyFeyTi I-Fe:Fe;Ti:vac + yTi yFeyTi I-Ti:Fe;Ti:vac

+ GMa9: (3.2)
The total Gibbs energy of the bcc phase is then written as:
Gie= G+ Gy (3.3)
with  G°¢ given by:
Gl = GRlyiY)  GRl(y = i = xi): (3.4)

Here, the term G9(y’ = y.° = x;) represents the disordered state of the ordered phase
BCC_B2. This is because if the specieishave the same fraction in the metallic sublattices, this
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fraction corresponds also to the mole fraction of that species and becomes indistinguishable from
a solid solution in the BCC crystal lattice. When this internal state occurs, the contribution
of the ordering energy is zero (G2 = 0) and GPe = GUs,

The order-disorder transition, as for the case of BCC_B2/BCC_A2, may therefore be
described as a single Gibbs energy function. Figure 3.5 illustrates the plot of the disordered state
contribution to and the total Gibbs energy of the bcc phase employing the BCC_B2/BCC_A2
order-disorder model.

Figure 3.5: Total Gibbs energy of the FeTi bce phase with the superimposed disordered state energy
for comparison. The curves were calculated for the temperature df000 K using the thermodynamics
parameters from [107].

One can observe that near solid solution regions, the bcc B2 occurs in a completely disor-
dered state, and its Gibbs energy coincides with that of the bcc A2 phase. In contrast, the
highest value for G2 occurs in equimolar quantities of Fe and Ti when the system can cre-
ate a perfectly ordered B2 phase with Fe and Ti completely separated into two distinguished
metallic sublattices.

The formulated Gibbs energy may be further explored concerning its derivatives and en-
thalpy of mixing. Figure 3.6 shows the single phase stability analysis when applying Equa-
tion B.6, Equation B.1, and Equation B.3.

In Figure 3.6 the energetic e ect of atomic ordering on the Gibbs energy of the BCC phase
is observed by calculating its mixing enthalpy. At an equimolar quantity, the ordering enthalpy
(H °4) reaches its maximum, according to the minimum in Gibbs energy for the phase. The
blue dots represent the enthalpy of many sampled internal states that the bcc phase can take.
The minimization of the internal states leads to the more stable con guration for a given
composition.

In equimolar composition, the internal state that minimizes the Gibbs energy of the bcc
phase is given when the metallic sublattices are lled by unlike species (perfect ordering), which
is annotated by "bcc B2" on Figure 3.6, correspondent to the lowest Gibbs energy of the BCC
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Figure 3.6: Calculated enthalpy of mixing of the bcc phase of the FeTi system at300K and
101 325 Pawith parameter from Santhy and Kumar [107]. The green solid line represents the minimum
enthalpy of mixing for the single BCC phase con gurations at a given composition.

phase and indicates the highest internal state stability of the B2 phase. In contrast, when the
same fractions of the opposite species are found in both metallic sublattices, the Gibbs energy
of the bcc phase is the highest at equimolar composition and approaches the value predicted
by Miedema's model [103].

The rst and second derivatives of the Gibbs energy (the chemical potential and the ther-
modynamic factor, respectively) are useful for quantifying the driving forces and, consequently,
the tendencies of phase transformation. In Figure 3.7, the calculated chemical potentials of
iron and titanium at 1500K are illustrated considering only the bcc phase.

Note that the chemical potential is constant for some regions of the curve. As in equilib-
rium, the chemical potential of a species is the same in the phases, and it is conclusive that
the bcc phase stabilized its internal states by spontaneously decomposing into two di erent
compositions. This is observed on both the iron-rich and titanium-rich sides of the curves,
where an iron-rich or titanium-rich bcc phase would equilibrate with a bcc phase possessing
near-equimolar composition.

It is also worth noting that at equimolar quantities the chemical potentials of both elements
have the same value, or at least they are negligibly distinct. This similarity in chemical potential
will be revisited in Section 4.1 to derive the appropriate thermodynamic model describing the
chemical contribution to the interface energy between the FeTi-B2 phase and its correspondent
hydride.

In the second spatel of Figure 3.7, the thermodynamic factor is illustrated. For compositions
wheredetj j = 0 (see Equation B.3), it coincides with the two compositional sets of the bcc
phase. In addition, there is a spike in the thermodynamic factor at the equimolar composition,
demonstrating its high tendency to order.

Thermodynamic analysis of the internal states of the FeTi system's bcc phase is conclusive
in demonstrating that the FeTi-ordered B2 phase can be considered a single compound even for
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Figure 3.7: The chemical potential and the second derivative of the Gibbs energy of the bcc phase
of the FeTi system calculated using parameter from Santhy and Kumar [107].

metastable extrapolations. In particular, at lower temperatures, where the curves in Figure 3.7
become more distinct, this assumption becomes even more reasonable.

3.2 Thermodynamic modeling of the FeTi-H system

3.2.1 Introduction to the FeTi-H system
The FeTi hydrogenation

Before analyzing the hydrogen storage properties of hydride systems, the material must undergo
proper activation. This process involves heat treatment under cyclic hydrogen pressure, which
helps to remove any oxide layers on the surface, thereby opening up pathways for hydrogen
absorption. Once activated, than-situ investigation can proceed, typically through isothermal
cycles of repeated hydrogen absorption and desorption. These cycles are performed by grad-
ually equilibrating the hydrogen gas with the metallic sample in small pressure increments,
using a Sieverts-type apparatus [110, 111]. The resulting pressure variations during these cy-
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cles are recorded to generate pressure-composition-isotherm (PCI) curves, which characterize
the material's ability to absorb and release hydrogen at di erent temperatures. Figure 3.8
and Figure 3.9 show the measured absorption and desorption PCI curves of FeTi at di erent
temperatures.

Figure 3.8: Experimentally measured absorption PCI curves at di erent temperatures. Raw data
provided by the group colleague Dr. Yuanyuan Shang.

With increasing H, pressure, the hydrogen content in the solid system increases. In ections
of the PCI curves indicate the formation of new phases, and, in an ideal scenario, the coexistence
of two solid phases results in a completely at horizontal curve of the pressure over overall
hydrogen composition within the solid material, known as plateau pressure. Such invariant
reaction can be expressed with the following reaction equation (Equation 3.5):

-FeTi + %Hz I -FeTiH+ Q: (3.5)

Where Q represents the heat of reaction. As the hydrogenation is exothermiQ, > 0 for
absorption andQ < 0 for desorption.

The initial and nal points of the plateau correspond to the onset and termination of the
solid-phase transformations and indicate their equilibrium composition. The stability of solid
phases is negligibly in uenced by pressure. In practical applications, it is regarded indepen-
dent, allowing a temperature-composition phase diagram for metal hydrides to align with the
solubility limits derived from PCI curves. Many authors studied the hydrogenation of the FeTi
intermetallic [112, 113, 114, 115]. Recently, Sujan et al. [116] reviewed FeTi hydrogenation and
processing, whereas Dematteis et al. reviewed substitutional e ects on the hydrogen storage
properties of FeTi [35].

For FeTi, there is a consensus that hydrogenation around ambient temperatures involves at
least three hydride phases,, , and . Initially, hydrogen is dissolved in the ordered B2 phase,
forming the solid solution phase. The increase in Hpressure quickly leads to the saturation
of  after which the external thermodynamic conditions remain constant while hydrogen is
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Figure 3.9: Experimentally measured desorption PCI curves at di erent temperatures. Raw data
provided by the group colleague Dr. Yuanyuan Shang.

absorbed, forming a new phase. During this process, the gas phase coexists in equilibrium
with the two solid phases. Figure 3.10 shows examples of each phase from the perspective of
the bcc unit cell framework.

Figure 3.10: Example of crystal structures in the FeTi-H system viewed from the bcc-like unit
cell framework including rst neighbors Iron atoms. a) B2 (equimolar FeTi ordered bcc phase), b)
(monohydride), and c) (dihydride). Titanium in gray, iron in red, and hydrogen in green.

The completion of the transformation of H + accompanies the cessation of hydrogen
absorption at constant pressure. At this point, with constant temperature, hydrogen is further
absorbed only by externally incrementing the hydrogen partial pressure. The precise solubility
range of and the mechanisms of transformations it undergoes upon hydrogenation are not
yet fully understood but seem to be highly dependent on the sample history, temperature, and

44



3.2. Thermodynamic modeling of the FeTi-H system

sorption path [117]. Sections 3.2.3 and Section 3.2.5 will provide a plausible explanation of the
underlying mechanism based on crystallographic evidence and thermodynamic analysis.

With completion of formation at lower temperatures, the increase in hydrogen pressure
results in a smooth in ection of the pressure composition curve, particularly visible in the
logarithmic scale as a slopped plateau, see Figure 3.8, and Figure 3.9 for mole fraction hydrogen
above0:33. At higher temperatures, the slope increases and the in ections become less evident.
Above a critical temperature, there is no clear evidence of this phenomenon, and the exact point
is di cult to determine because the transition is narrow and quite gradual.

The formation of the phase occurs at maximal hydrogenation, and experimental evidence
shows that it may be a highly stable structure in the system, whereas the formation of a second

phase named , is possibly only a metastable process. This is indicated, for example, by
Reidinger et al. [117] by the fact that annealing at 800C followed by activation facilitates the
formation of , which could then be detected in coexistence with at FeTiH.1,. Another hint
is the observation by Goodell et al. [118] showing that when the number of sorption cycles is
increased, the second plateau fades out and a higher hydrogen pressure is required to reach the
same level of hydrogen absorption. However, the rst plateau pressure remains una ected by
this.

Both pieces of evidence give rise to the possibility that once forms, it remains in the
system, blocking the formation of the intermediate , phase when a certain threshold amount
of is present.

It should be noted that, even though the corresponding deuterides and hydrides in the FeTi-
H/D systems are isomorphic [119], their lattice parameters [120] and the equilibrium pressure
[121] vary slightly. For example, Fischer reported a di erence in the enthalpy of reaction when
using deuterium or hydrogen gas, H, = 3:7kJ=molgas= 310kJ=mol D, - 27:3 kJ=mol H,.
This enthalpic di erence led to a temperature-independent increase of less than 10° Pa in
the plateau pressure of the deuteride with respect to the hydride. Regarding crystal structure
variations, it is expected that the lattice parameters of hydride are less than0:1A shorter
than those of the deuteride counterpart, as shown in Schober's work [120]. Consequently, as
some transition points detected in deuterides could exhibit slight shifts compared to those in
corresponding hydrides, this should be considered when analysing the subsequent hypotheses.

FeTi-H paraequilibrium

As brie y introduced in Section 3.1.2, the FeTi system presents two di erent intermetallics:
the Laves phase with approximate composition E&i, and the B2 phase, an ordered bcc phase
with approximate FeTi stoichiometry. The Laves phase negligibly absorbs hydrogen and does
not form hydrides near standard conditions, while the B2 phase is responsible for providing the
reversible hydrogen storage properties envisaged under ambient conditions.

Reilly and Wiswall were the rst to study the hydriding properties of FeTi [113]. Although
the B2 phase has relatively low solubility of hydrogen, it reversibly transforms into a monohy-
dride at near atmospheric pressure and room temperature. This transformation can be reversed
with relatively small changes in thermodynamic potentials, which provides the material with a
high level of engineering control for use as a hydrogen storage material.

Special care should be taken when the thermodynamics of multicomponent metal hydrides
are analyzed because such compounds are formed under hydrogenation conditions that do not
promote a complete equilibrium.

This is a consequence of the signi cant di erences between metallic atoms (M) and hydrogen
atoms (H). The radii of metal atoms are generally much larger than those of hydrogen atoms
and tend to establish the main lattice of the crystal structure. In contrast, H atoms enter the
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bulk and occupy the interstitial sites. In stark contrast to the low mobility of metal atoms,
hydrogen atoms have much higher mobility at room temperature. Table 3.1 lists the di usion
coe cients (D) of Fe, Ti, and H in the B2 FeTi phase and evidences the pronounced di erence
in di usivities between hydrogen and the Fe and Ti metallic species.

Table 3.1: Di usion coe cients ( D), D = Dgexp RETa , of Fe, Ti, and H in the B2 FeTi phase at
various temperatures.
Element Temperature [K] D [m?/s] Reference
: 15

F<.e 973 9:57 10 .

Ti 812 10 . [122]

Fe 1123 4:45 10

Ti 2:43 10 1°

H 673 1.0 101 [123]

With di usivities at least four orders of magnitude slower especially at low tempera-
tures only H species can respond fast enough to changes in chemical potential, allowing them
to quickly di use into interstitial sublattices and form hydrides.

When this situation is attended, the hydrogen chemical potential equalizes in each co-
existing phase, while this does not happen for the metallic elements that keep the alloy com-
position constant. In other words, the chemical equilibrium occurs only for hydrogen, whereas
the metal elements are not necessarily in chemical equilibrium with the other species of the
system. Reaching complete equilibrium is hindered by the sluggish di usion kinetics of metal-
lic elements, causing a metastable thermodynamic equilibrium of the phases. Such an internal
meta-stable state is considered a para-equilibrium.

FeTi-H phase-diagrams

The rst proposed phase diagram for the FeTild system [113] indicates that the solubility limit

of and the equilibrium composition of with  would be constant at least up to 7GC. It also
shows the existence of a critical temperature between 36 and 70°C above which a discrete
coexistence of and can no longer occur and the transformation should become continuous
(indicated by dashed lines in Figure 3.11). This phenomenon was assumed based on the lack
of evidence of a second plateau for the PQ isotherm curve and the vestigial plateau trace at

55 °C.

Later, Bowman et al. [124] extended the phase diagram by compiling higher temperature
PCI sets from Reilly [113, 125] and Yamanaka [115]. Despite some uncertainties, there was
good agreement with respectto to phase limits. Bowman's NMR study revised the FeTik
diagram (including some uncertainty range for low temperature lines), extended the phase
limits to a higher temperature and showed an absence of the critical temperature for the-
two-phase region below 127C [124]. He also suggested a transformation at 117 °C either
because of a critical stability temperature or due to some release of hydrogen.

In light of calorimetric and structural data in the range between 1 72°C, Lebsanft [126]
proposed a variation of the - solubility limit, indicating that somehow they would converge
to a critical point at higher temperatures and that the limit of stability of should be much
closer to FeTiH,, showing that is possibly only stable as a quasi-stoichiometric compound.
Although not mentioned by Lebsanft in his thesis, Schefer et al. [127] claimed that an additional
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Figure 3.11: Adaptation of the schematic FeTi-H phase diagram from Schober and Schaefer [120]
superimposed to the one proposed by Reilly and Wiswall [113]. See the text for more detailed expla-
nation.

plateau was visible in the low-temperature curves from Lebsanft and thus that the, phase
could be forming.

Soon after, Schober analyzed the system by Transmission Electron Microscopy (TEM) at
varying temperatures. The cooling of the samples con rmed that and could be kept at
cryogenic temperatures, while the heating of the sample revealed a peritectoid transition
+ above 60°C [128]. Schober and Schéafer later detected another phenomenon when cooling
below 35°C [120]. They found that plate-like phases precipitate in hydrogen-rich regions, in
accordance with the previous evidence [127] of an existing orderedin equilibrium with ;.
Their published schematic phase diagram suggested another peritectoid reactiogn +
around 35°C at FeTiH .33, as shown by dashed-dotted lines in Figure 3.11.

More recently, Endo et al. [129] usedh-situ synchrotron radiation X-ray di raction (SR-
XRD) analysis under a severe hydrogen uid pressure of 5 GPa at 60C and observed a
hydrogen-induced order-disorder transition from the ordered FeTi solid solution into a bcc
hydride. Under these harsh conditions, the -like phase presented higher hydrogen solubility
and transformed into the bcc hydride, which underwent a lattice expansion of 21% at its
maximal hydrogenation stage. After some time, the bcc hydride decomposed into Fitldnd
Fe,Ti.

In conclusion, the FeTiH, phase diagram is essentially metastable since the hydrogenation
of FeTi occurs under para-equilibrium conditions. Thus, there is no con rmation that the kept
metallic equimolar quantity of the hydrides in the two-phase regions is in their thermodynam-
ically most stable form. However, since the alloy maintains its composition due to the sluggish
di usion kinetics of the metal elements at lower temperatures and because the enthalpies of
formation of TiH, and FeTi are much lower compared to those of ternary hydrides [115],
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the system tends to disproportionate to eventually reach complete equilibrium, as observed by
Endo et al. [129].

3.2.2 Crystal structure of FeTi-based hydrides

The application of statistical thermodynamics is fundamental to the thermodynamic modeling
of a system. Consequently, modeling a compound must closely align with its crystal structure,
as this is a crucial factor in the statistical analysis of solid phases. Hence, the key properties
of FeTi hydrides are examined in this section to aid in the proper selection of thermodynamic
models for the phases.

Hydrogen absorption in metallic materials occurs through interstitial di usion mechanisms.
The B2 phase itself presents a relatively low solubility of hydrogen, and unlike most of the
bcc metals as in the case of Fe and Ti [130, 23, 131, 132, 92, 133, 93], which hydrogen oc-
cupies preferentially tetrahedral sites, in the FeTi B2 phase, hydrogen preferentially occupies
the octahedral sites. This was demonstrated by many Neutron Di raction (ND) experiments
performed on the deuterides of the FeTi system [134, 135, 136, 128, 119, 121].

Although most crystallographic characterizations are performed on deuterides instead of on
the hydride itself, TEM and X-ray di raction (XRD) experiments show that the FeTi-H system
is isostructural with FeTi-D [128, 120, 119, 117]. Therefore, the isotopic e ect can be assumed
to be negligible.

Under room temperature conditions, hydrogenation of FeTi results in the formation of the
solid solution phase, , up to FeTiHq.;. The monohydride phase, , extends from FeTiH.q4 to
around FeTiH.»,, and the dihydride phase, , remains stable between FeTild;; and FeTiH;.g3.

In the FeTi-H system, at least three hydrides with di erent crystal structures are observed.

Due to the ordering of metallic elements into two sublattices, the FeTi B2 phase presents
two distinguished types of octahedral interstitial sites. One of them is composed of four Ti
and two Fe atoms (TyFe,) with Fe atoms as the nearest neighbors, while the second type
has four Fe and two Ti atoms (TpFe;) with Ti atoms as the rst neighbors. Considering
the larger metallic atom radii of Ti with respect to Fe, which cgn be calculated from the bcc
lattice constant of Ti a = 3:231A [89] resulting in a radii of a> = 1:399A, or considering
its hcp structure leading to a radii of 1:445A [137], while for bcc Fe the lattice constant is
a = 2:866A, which leads to a metallic atomic radii of1:241A [137] resulting in the sizes of the
di erent octahedral interstitial sites being 0:21A for the Ti4Fe, and  0:0262A for the Ti ,Fey,
which are calculated considering the smallest sphere that ts within the interstitial site, and
consequently, hydrogen preferentially stabilizes in Tie, sites [138].

hydride

The -hydride forms via random dissolution in TiFe, sites of the B2 phase [Figure 3.10 a)].
This is supported by DFT calculations [139], which show that hydrogen is more stable (less en-
ergetic) when located in the TijFe, octahedral sites than in TpFe, for hydrogen concentrations
between 0 and 0.33 hydrogen atomic fraction. For the Jire, sites, an exothermic enthalpy of
reaction is calculated as H 4:3 kJ=mol.H, whereas for TjFe4, the reaction is endother-
mic with an enthalpy of H, 193kJ=mol.H, both at 0.33 hydrogen atomic fraction. These
ndings align with ND experiments [136].

Fischer also observed that the degree of ordering of metallic elements in the bcc-like structure
of the -hydride is negligibly a ected by hydrogenation even after several cycles and that the
slight variation of the measured order parameter should come from surface e ects [121].
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The hydride is thus analogous to the B2 phase with a slightly larger lattice parameter
at its saturation of the hydrogen solid solution (a = 2.979 A) with hydrogen atoms randomly
occupying TiyFe, octahedral sites [136, 119] to an extent of up to 0.05 hydrogen mole fraction
in the crystal.

Additional hydrogen insertion in increases the displacement of the nearest Fe neighbors
of the TisFe, octahedral interstitial sites and induces phase transformation of into

hydride

The hydride has an orthorhombic structure [134] with space group P222The phase is
indexed with lattice parametersb 4.3 A, which is similar to the diagonal of the ordered
FeTi B2 phase, anda 45 A andc 2.98 A. The interstitial sites are slightly deformed
compared to those of the B2 phase, and in particular, the Jke, octahedral sites present are
divided into two distinguished geometries, namely Hand H,, which are partially occupied.

The occupancy of these octahedral sites gives rise to two forms of the beta phaseand »
[128, 117, 127]. Both have similar crystal structures except for the hydrogen distribution in these
sites. Experimental investigations show an ordered hydrogen occupation in these sublattices
for both forms of [134, 127, 120]. Schafer et al. [140] discussed neutron di raction results if
the interstitial atoms were evenly occupied, that is, H1 / H2 = 0.50 / 0.50, or distributed in a
ratio of 0.90 / 0.10.

However, the most accepted analyses of hydrogen occupancy in these interstitial sites con-
clude that the ; phase is characterized by H1/H2 = 0.88/0.12 [127, 140], while, is H1 /

H2 = 0.92/0.45. These sublattice occupancies correspond roughly to the FeTiH and (FesFi),
formula units, respectively.

Upon hydrogenation, the volume expansion of reaches 4.5%, and experimental evidence
suggests that the phase transition ; > occurs discontinuously at room temperature. Nev-
ertheless, the transition may also be described as a single-phase continuous process with both
sites being simultaneously enriched with hydrogen [128, 127].

hydride

The phase crystal structure is still under debate but is known to have at least 1.74 hydrogen
atoms per Fe-Ti pair. The phase appears as a consequence of further hydrogenating the
hydride during absorption. The di culties in de ning the crystallography of the  hydride is
due to the fact that its formation at room temperature requires a hydrogen partial pressure
above5 MPa, which is hard to maintain during experiments. Additionally, the phase is stable
only in a narrow range of hydrogen compositions. The strain generated during its formation
and residual phase in the sample can introduce noise in the diraction signal, making it
di cult to obtain precise crystallographic data.

Many authors proposed di erent crystal structures for the phase. Based on X-ray di rac-
tion experiments, Reilly proposed a cubic structure [113]. Fischer et al. indicated rather an
orthorhombic structure [121] based on ND experiments. Shortly after, ND and TEM studies
correlated with the orthorhombic crystal structure of [127, 135], leading to assumptions
that is formed from the full insertion of hydrogen at the previously observed jie;, sites of

and into an additional TioFe, octahedral site. This would drive it towards the formation of
a monoclinic P2/m structure, therefore losing orthogonality and degrees of symmetry.

Schefer observed that not only the deuteride but also the hydride compound show an anal-
ogous transformation [127]. Soon after, Schafer et al. [119] identi ed an increase in monoclinic
distortion of  with decreasing temperature.
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Fischer et al. [141] concluded that the TiFe, sites are energetically much less favorable
and possibly the last to be lled with hydrogen, reaching a partial occupation with 91% at
high hydrogen concentrations. It was assumed that the orthorhombic Cmmm crystal structure
better suits neutron di raction data than the monoclinic P2/m, which was corroborated later
by observations from Thompson et al. [142] and DFT calculations of the fully hydrogenated
(FeTiH)).

3.2.3 First-principles calculations

The initial crystal structures of the compounds observed experimentally in the FeTi-H system,
(FeTi), (FeTiH) and (FeTiH,) were obtained from those provided by the Web platform
"Materials Project” [143]. Subsequently, the structures were optimized with respect to ion

position, cell shape, and volume. Section A.1 from thAppendix A shows the evaluation
procedure to obtain the optimal DFT settings employed in this work. Ultimately, Perdew and
Wang (PWILL[65, 66] exchange-correlation functional within the generalized gradient approxi-
mation (GGA) were selected to be employed.

Bulk structures and elastic properties

The total energy as a function of volume was tted to the Birch-Murnaghan equation of states
[144], from which the equilibrium volume, the bulk modulus and its derivative, the equilibrium
lattice parameters and the minimum energy were acquired and are listed in Table 3.2. Refer
to Appendix A.1 for additional details concerning these calculations.

Table 3.2:  This work calculated and phases bulk properties compared to experimental values
from the literature [134, 145]

Equilibrium volume Lattice parameter Bulk modulus
[A3] [A] [GPa]
Phase Calc. (Exp.) Calc. (Exp.) Calc. (Exp.)
FeTi 25.75 (26.25) a=b=c 192.6 (189.0)
' ' =2.95 (2.97) ' '
a=4.56 (4.54)
-FeTiH 56.46 (58.93) b=4.26 (4.39) 185.2 (N/A)
€=2.90 (2.96)

“The experimental values for the -phase were measured for its deuteride form [134].

Formation and reaction energies

In order to compute internal state energies, the obtained equilibrium structures were kept
xed, and hydrogen was permuted to all uniquely distinguishable octahedral sites that are
experimentally observed to be occupied.

Then, the structures of the compounds were relaxed with respect to ion positions while the
unit cell structure was kept constant. The ground-state formation energy of each compound
( E(reri .1,) Was calculated in reference to its stable-element reference (SER) ground-state
energy calculated using DFT, as described in Equation 3.6.
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m

m n
FeT) mhn (5 ) )

2 2

Note that the SER for hydrogen corresponds to its molecular gaseous form and was approx-
imated by the calculated DFT energy of a B molecule in vacuum, neglecting its entropic term.
The terms E& and E?icp are the ground-state DFT energies of the SER, representing bcc iron
and hcp titanium, respectively.

Due to symmetry, there are only two options for adding a single hydrogen to the-phase
unit cell: the Fe,Ti, and the FeTi, octahedral sites. The permutation of distributing up to
six H atoms in both octahedral sites produces 20 distinguished compounds.

The present DFT computations show that the lowest formation energy for adding a given
number of H atoms into the unit cell lattice is obtained when the H atoms are the furthest
apart from each other and preferentially located in F&i 4 sites, agreeing with the ndings from
Nong et al. [139].

E = E EfC+ JEpP + SE[OF0): (3.6)

(FeTi) mHn

Figure 3.12: DFT ground-state formation energies of the compounds with crystal structures
obtained by hydrogen-vacancy permutations in the octahedral sites.

As an initial step in investigating internal energy variations when hydrogen enters the octa-
hedral interstitial lattice of the phase, hydrogen and vacancy permutations were performed
within the 12 possible sites. Such an approach results in 1360 con gurations (some of them
possibly identical from a crystallographic perspective). These compounds were relaxed with
respect to the ion positions and, subsequently, for a given composition, the minimum energy
compound was fully relaxed (i.e. with respect to the ion positions, cell shape, and volume).
The formation energies and reaction energies were calculated for each of these compounds.
Figure 3.13 shows the calculated formation energy of thecompounds.

In Figure 3.13, it is possible to detect that both the relaxed ion-position minimum energy
curve and the fully relaxed structures show in ections with convex curves between FeTi and
FeTiH, and between FeTiH and FeTiH composition ranges, which consequently presents pos-
itive partial second derivatives of the energy curve with respect to the hydrogen mole fraction
(@E:@ﬁ) at x4 = 0:2 and x4 = 0:43 This features the characteristic that the phase
is able to coexist with its , form, which would correspond to the same orthorhombic lattice
structure, but with a richer hydrogen content at the octahedral sites compared to;.
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Figure 3.13: DFT ground-state formation energies of the compounds with crystal structures
obtained by hydrogen-vacancy permutations in the octahedral sites.

Figure 3.14: DFT ground-state formation energies of the compounds with crystal structures
obtained by hydrogen-vacancy permutations in the octahedral sites.

Analogously, Figure 3.14 presents the calculated resulting formation energies otom-
pounds. For compounds, the convex characteristic of the relaxed minimum curve of the ion
position is not observed as for the phase, and no other local minimum energy is observed
in addition to that for x, = 0:5. This contributes to the conjecture that the second-order
thermodynamic transition observed within the FeTi system during hydrogenation could be an

52



3.2. Thermodynamic modeling of the FeTi-H system

expression of the internal energy minimization related to intrinsic internal con guration states
of the hydride structure.

For comparison purposes, the ion-relaxed minimal energy structures foy , and phases
are superimposed in Figure 3.15.

Figure 3.15: DFT ground-state formation energies of minimum energy ion-position relaxed com-
pounds with , , and crystal structures obtained by hydrogen-vacancy permutations in the octa-
hedral sites.

From Figure 3.15 the internal state energies of the orthorhombic and monoclinic  struc-
tures with respect to the amount of hydrogen in the unit cell can be compared with each other,
showing that at the ground state, the -structured compounds present lower formation energy
for regions below (FeTi}H3 than that of -structured compounds, which tends to be more sta-
ble than the phase for compounds with higher hydrogen content than that of the (FeTiH3
structure.

Moreover, for this composition Ky = 0:43), the minimum energy ion-relaxed structure of
and the structures are energetically similar, and even though their crystal structure is not the
same, their formation energy varies by not more thad:6 kJ=mol. Even though the formation
energy provides a general idea of the compounds stability and is one of the default quantities for
energy comparison in materials sciences, an in-depth analysis can be performed via evaluation
of the hydrogenation energies. These are obtained from the reaction energy of hydrogen with
the precursor alloy to form a hydride. As the hydrogenation of an alloy is performed in constant
hydrogen partial pressure and temperature, this quantity can be compared to the measured
absorption energy. The equation for obtaining such a value is given by Equation 3.7:

n
E = E (MEEZ; + SEF); (3.7)

2
wherem and n relate to the stoichiometry of the compounds.

It is noteworthy that (FeTi),Hs3 stoichiometric - and -phase compounds exhibit compa-
rable formation and reaction energies in their thermodynamically favored con gurations. This

(FeTi) mHn (FeTi) mHn
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corroborates the hypothesis proposed by Reilly [113] that the, transformation may oc-
cur as a rst- or second-order transition with the critical point occurring for low values of
thermodynamic potentials, i.e. close to ambient temperature and atmospheric pressure.

However, as mentioned above, from the ground state analysis presented here, it is possible
to infer that, even at the ground state, the ; » transformation may also occur as a rst-
order thermodynamic transition. These ndings suggest that there may exist a competition
between , and during further hydrogenation of the phase. Given that the formation and
reaction energies of the (FeThH3; compounds with the orthorhombic and monoclinic structures
are very similar, a stabilization of , with orthorhombic structure in a metastable state may
occur depending on the path of the hydrogenation process.

Moreover, since , stabilizes in this metastable state, it is possible to conjecture that the
transformation process of , into is likely to be very sensitive to external thermodynamic
potentials and their variation rate. Such thermodynamic potentials could be mechanical or
thermal in origin, meaning that a sti variation in partial hydrogen pressure in the surroundings
of the phase, strain energy induced by mechanical alloying or any other kind of mechanical
work, or even cooling or heating rates, could signi cantly in uence the nal microstructure and
phase constitution of the hydrogenated FeTi alloy.

Employing Equation 3.7, the reaction energy (or absorption energy), for the-FeTiH
phase is found asgE . = 2494 kJmolH;, and for the -FeTiH, phase asE . =

2645 kJFmol:H,. These values are consistent with the reaction enthalpy for the forma-
tion of and hydrides during FeTi hydrogen absorption, which are reported between22:8
and 27:4 kJ=mol:H, for (rst plateau) and between 26.6 and 339 kJ=mol:H, for (sec-
ond plateau) depending on the initial state (i.e., the preparation method) of the sample, as
summarized by Dematteis et al. [35].

3.2.4 Thermodynamic modeling

In this section, the rationale for the development of the CALPHAD thermodynamic models
employed in this work is presented and discussed.

Thermodynamics of the paraequilibrium description

As mentioned in Section 3.2.1, hydrogenation of the FeTi alloy takes place under para-equilibrium
conditions. This limits the unrestricted optimization of model parameters in thermodynamic
assessments, as the Gibbs energy minimization predicts the most stable state of the system, in-
cluding the most stable state of each phase of the materials system. This complete equilibrium
condition is not reached during the hydrogenation process. Instead, the hydrogenated FeTi
alloy remains in a metastable state, which is only possible because of the lower mobility of the
metallic species in comparison to the hydrogen mobility under hydrogenation conditions.

For example, if the binary descriptions of the BCC phase of the Fe-Ti [107], Ti-H [89], and
Fe-H [146] system are combined, it is possible to extrapolate the Gibbs energy surface into
ternary regions, as shown in Figure 3.16.

Figure 3.16 and Figure 3.17 show that the internal state stabilizing the BCC phase in the
Fe-Ti-H system lies around TiH composition. Consequently, if a hydride phase with equimolar
FeTi composition is entered into the system, a near TiHBCC phase will tend to equilibrate
with the hydride, which is not observed during the hydrogenation of FeTi. This more stable
equilibrium prevents the adjustment of model parameters necessary to describe the equilib-
rium between the FeTi-B2 phase with the FeTi equimolar ternary hydride. However, from
the de nition of paraequilibrium, only the mobile element equilibrate while the sluggish ones
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Figure 3.16: Gibbs energy projection of the BCC phase of the Fe-Ti-H ternary system calculated
at 1000K. The model parameters are taken from [107] for Fe-Ti, [89] for Ti-H, and [146] for Fe-H.

behave as a single element [147]. As mentioned previously, this situation is clearly expecteded
in metal- metal hydride systems, as evidenced by their discrepant di usivities, as shown in
Table 3.1. In this case, the paraequilibrium condition enforces that the metallic composition
remains constant with a ratio of one Fe species for each Ti species.

To account for such conditions, Fe and Ti are merged into a hypothetical element 'FT' in
this work, so that it represents the equimolar FeTi alloy. The models must then be con gured
accordingly. By doing so, the isoplethal section FeTi-H of the ternary system is correlated to
the pseudo-binary metal-hydrogen FT-H system. This description allows the evaluation of hy-
dride model parameters under para-equilibrium. It also avoids including the more stable binary
phases that compose the complete equilibrium, and instead of predicting the decomposition of
the hydrides into FeTi + TiH 5, or the stabilization of the BCC phase with near TiB com-
position, the equilibrium calculation thus describes the metastability of the equimolar ternary
hydrides with the H, gas. In the next subsections, the phase models that follow this strategy
guideline are presented.

Thermodynamic model of the phase

Since the B2 structure has three octahedral sites per metallic atom, a two-sublattice (2SL)
model (FT)(vac, H)3; was used to describe the phase accounting for a 1:3 ratio of substitutional
to interstitial sites keeping consistency with most models describing bcc-like structures [75].
The rst SL accounts for the metallic sites, while the second SL represents the octahedral sites
where vacancies (vac) and hydrogen (H) mix. The Gibbs energy per mole of formula units is
expressed as follows:
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